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Preface 

This work refers to part of the research activities performed in the framework 

of the STAMP (Sviluppo Tecnologico dell’Additive Manufacturing in 

Piemonte) project. This project, funded by Regione Piemonte, started in 2016 

and encompassed the collaboration of 26 partners coming from both 

industrial and academic facilities present in the region. The aim of STAMP 

was to promote Additive Manufacturing technologies in the area by 

considering the whole production process starting from design and material 

selection of components to machines, control and standardization of the 

process. 

Aluminum alloys were suggested for the project by the industrial partners. In 

particular, the focus of Università di Torino, in collaboration with the other 

research groups (Politecnico di Torino and Istituto Italiano di Tecnologia), 

was to develop new compositions specifically selected for Additive 

Manufacturing. 

In this framework, in this thesis the topic of material selection was faced 

trying to understand at first which is the behaviour of conventional Al alloys 

when subjected to the high cooling rates occurring during the Additive 

Manufacturing processes. Once obtained an in-depth knowledge of the 

solidification mechanism, what was done was to propose new compositions 

along with a new route to test materials reducing both the amount of 

material and the time necessary for the testing. In the end, the presence of 

residual stresses in components produced by Additive Manufacturing was 

evaluated using both conventional and unconventional non-destructive 

techniques. 

The thesis begins with a short introduction giving the principal information 

on Additive Manufacturing, rapid solidification and Aluminum alloys and 

deepening the main topics faced during these three years. Then the rapid 

solidification processes and experimental procedure employed are 

described, moving then to the description of the various research topics 

encountered. In Part I the solidification mechanism of a commercial 

AlSi10Mg alloy is defined through the comparison of what obtained with 
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other rapid solidification techniques. In Part II a new route to test new 

compositions studied specifically for Additive Manufacturing is proposed 

along with some modification of the AlSi10Mg alloy that will improve its 

mechanical properties. In Part III residual stresses present in rapidly solidified 

samples are investigated using two non-destructive techniques, X-Ray 

Diffraction and Raman spectroscopy. In conclusion, an overall summary of 

the results obtained in the thesis is drawn along with some future 

perspectives. 
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1. Introduction 

1.1. Additive Manufacturing 

The term Additive Manufacturing (AM) refers to a group of innovative 

technologies developed in the last thirty years taking inspiration from the 

progress of rapid prototyping, more precisely the StereoLithographic 

Apparatus (SLA) patented in 1984 [1].  

The first research activities directly related with metal AM were conducted 

on polymeric laser powder-bed systems and led to patent Selective Laser 

Sintering (SLS) in 1986. The first 3D printed metallic part was produced in 

1990 by Manriquez-Frayre and Bourell using SLS. Starting from this year, 

thanks to the development of laser sources, it was possible to achieve 

complete melting of the metallic powders in the powder bed, for this reason 

nowadays the techniques employed for the production of metallic 

components are commonly referred as Selective Laser Melting (SLM) [2]. 

In Fig. 1.1 are reported the most significative events that led to the 

development of metal AM, further details can be found elsewhere [3]. 

Fig. 1.1 Development of metal AM through its significant events [2]. 
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Currently AM is defined as: 

“a process of joining materials to make objects from 3D model data, usually 

layer upon layer, as opposed to subtractive manufacturing methodologies” 

[4]. 

The feedstock material used to produce the 3D object can be found in form 

of powder, wires or sheets according to the production process employed. In 

particular, in [4] the four classes of machines associated to the production of 

metallic components are identified: 

• Powder Bed Fusion (PBF); 

• Direct Energy Deposition (DED); 

• Binder Jetting; 

• Sheet lamination. 

In PBF processes a focused energy source (either laser or electron beam) 

selectively melts in a layer by layer fashion the powders previously spread on 

a building platform according to a CAD (Computer Aided Design) model. 

Similarly, in DED it is possible to use laser or electron beam as energy input, 

however in this case the feedstock is provided, either in form of powder or 

wire, directly into the melt pool. 

Binder jetting is basically a powder metallurgy (PM) process in which a binder 

is deposited on the metal powder, then the part is cured in such a way that 

the powders are hold together and, in the end, sintered to obtain the final 

component. 

Sheet lamination consists in stacking 2D slices adhesively or metallurgically 

to form a 3D component. 

In this work, attention will be focused on PBF processes employing laser as 

energy source. 

The step necessary to produce a final component with AM technologies 

along with a schematic representation of a Laser-Powder Bed Fusion (L-PBF) 

machine are represented in Fig. 1.2. 
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As clearly visible from Fig. 1.2-a several steps are required to obtain the 

object ready for the final application. Firstly, the part must be designed to 

obtain a CAD model whereby a .stl file (STereoLithography file) is created. At 

this stage generally the support structures, fundamental to hold 

unsupported geometries and prevent the distortion of the part, are 

generated with a dedicated software. The complete build file, including both 

the part and the supports, is then sliced in layers of the desired thickness and 

sent to the machine software. In the early stages of the process, powders are 

sieved and fed into the dispenser in the building chamber, that is usually filled 

with an inert gas to maintain a controlled level of Oxygen, fundamental to 

avoid formation of defects due to the presence of oxides. 

Once the process is started, the metallic powders are spread with a blade on 

the building platform, usually made of an alloy similar to that of the job in 

progress, that can be preheated at different temperatures. A high-power 

laser selectively melts the powders belonging to the sliced CAD data layer. 

Once the first layer is completed the building platform drops down one layer 

in thickness, is recoated with new powder and the process is repeated until 

the entire job is completed, as schematically drawn in Fig. 1.2-b. 

At the end of the job, all the unmolten powder particles must be removed in 

order to detach the finished part from the building platform and perform the 

post processing treatments required for the final application [5,6]. 

Fig. 1.2 Steps that lead to the production of a 3D component [6] with AM (a) and a 

schematic representation of a L-PBF machine (b) [1]. 
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L-PBF is known to give a great freedom in design with respect to conventional 

manufacturing routes, allowing to produce near-net shape components with 

high accuracy and detail resolution, sufficiently good surface quality and 

mechanical properties. The great freedom in design of this technique allows 

the production of objects having complex shapes or internal features 

difficult, if not impossible, to produce by means of conventional 

manufacturing routes, moreover complex geometries and assemblies can be 

simplified. 

Despite the advantages associated with Additive Manufacturing routes, it is 

important to keep in mind also the drawbacks of the process. First, it is 

important to consider that even if AM can provide great flexibility in design 

there are still limitations in what can be produced, e.g. minimum wall 

thickness, dimension of the internal channels and positioning of support 

structures. Moreover, as clear from the several steps involved in the 

production, a lot of work is necessary both before and after the job to obtain 

the final component. So, due to the complexity of the process, the 

collaboration of several experts is required to obtain the best result possible 

in terms of design, quality of the final part and mechanical properties. 

The main process parameters that can be adjusted to improve the quality of 

the final component are the laser power, the scanning speed, the hatch 

spacing and the layer thickness [7], these are shown schematically in Fig. 1.3. 

Fig. 1.3 L-PBF main processing parameters [7]. 
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It is worth to keep in mind that even if AM processes are defined as fast, the 

part is produced by melting thin layers of material; so, depending on the final 

height of the component, the production can take days or even weeks to be 

completed. This, in addition with the high cost of both machinery and 

feedstock material, makes the process expensive in comparison with 

conventional manufacturing routes. 

This is why the main fields of application for these processes are the 

automotive, aerospace and biomedical ones in which the strong necessity of 

complex shapes is supported by a consistent economic investment [8]. 

Different kind of materials are processable by AM technologies, however it 

is important to select the best processing route for every specific material. 

The most widespread alloys for L-PBF are Titanium alloys, Cobalt-Chromium 

alloys, Stainless steels, Nickel-based superalloys and Aluminum alloys. A list 

of the most known alloys processable by L-PBF is reported in Table 1.1 along 

with some references. 

Table 1.1 Overview of the most employed alloys in L-PBF. 

Family Alloy References 

Aluminum Al-Si alloys [9–21] 

 A6061 [22] 

 A2024 [23] 

 Scalmalloy [24–30] 

 Al-Cu [31] 

Cobalt-Chrome Co-Cr [32–34] 

Copper Copper [35] 

 Bronze [36] 

Gold Gold [37] 

Nickel Superalloys Inconel 718 [38,39] 

 Inconel 625 [40,41] 

 Hastelloy X [42] 

Steels Stainless steel 316L [43–48] 

 Stainless steel GP1 [49] 

 Stainless steel PH1 [50,51] 

 Stainless steel CX [52] 

 Maraging steel MS1 [53–56] 

Titanium Ti6Al4V [57–62] 



8 
 

The defects that can be found in components produced by AM are widely 

studied in the literature [1,2,8,63,64]. In Fig. 1.4 a flow chart representing 

how the basic input parameters can influence defects formation and affect 

the final component produced by AM is reported. 

The most common defects encountered in samples produced by AM can be 

divided in compositional, microstructural or dimensional defects. An 

overview of the different defects encountered is reported in Fig. 1.5. 

The different volatility of the alloying elements plays a fundamental role in 

the formation of compositional defects. In fact, during the process, the 

molten pool can reach sufficiently high temperatures to cause a significant 

evaporation of the most volatile elements in the alloy. The compositional 

change associated to the selective evaporation can lead to alteration both in 

the solidification process and in the properties intimately related to the 

composition of the alloy (as corrosion resistance or specific mechanical 

properties). To avoid the excessive evaporation of alloying elements, it is 

Fig. 1.4 How input parameters affect defects formation and final properties of the 

components processed by AM [2]. 
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necessary to control adequately the process parameters that influence 

geometry and temperature of the molten pool (e.g. laser power, scanning 

speed, laser spot size…). 

Obviously, to avoid compositional defects, it is necessary to avoid 

contaminations that can occur both because of incorrect storage of the 

powders and during the production process. 

To avoid contaminations during the production process, it is necessary to 

verify that there are no powder residues deriving from a previous job, 

especially if different alloys were employed, and that there is no interaction 

between the alloy to be processed and the inert gas employed during the 

process (especially if the selected gas is N2). 

Oxidation is the more significant compositional defects, it can occur when 

the melt pool or the powder are not correctly shielded from humidity and 

air. The presence of oxidation, as that of other compositional defects, can be 

limited through regular maintenance of the AM machine and correct control 

of both feedstock and process parameters employed for part production. 

Other common defects that can be found in components produced by AM 

are the microstructural defects (porosities, cracks and elemental 

segregation). It is important to reduce or eliminate these defects since they 

ruin the mechanical properties of the alloys. 

Fig. 1.5 Overview of defects that can be encountered in parts produced by AM. 
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Talking about porosities in additively manufactured samples, three types of 

pores can be distinguished: keyhole pores, gas pores and pores deriving from 

lack of fusion. Keyhole pores can be found when employing high power 

density and derive from an instability of the process. These porosities can 

show different shapes and dimensions according to the process parameters 

employed and can contain gases or alloy vapours. When porosities contain 

gases or alloy vapours, they can become spherical in shape and are classified 

as gas pores. The gases not directly coming from evaporation of alloying 

elements can be related both to the presence of gases entrapped in the 

powders during the atomization process and to inclusion in the alloy of the 

inert gas employed during the process to avoid oxidation. The last type of 

porosity that can be found in samples produced by AM derives from the lack 

of fusion of parts of alloy principally because of the inadequate penetration 

of the molten pool in the substrate or in the layers previously deposited. 

Pores deriving from lack of fusion generally have elongated shapes and large 

dimensions that can cause stress concentration at the edges of the pores. In 

some cases, unmolten powder particles can be found inside these pores. The 

level of porosities in the alloy, as well as the level of other defects, can be 

controlled through a careful control of the process parameters employed 

during the production process. 

Due to the high thermal gradients arising during the process, components 

produced by AM display a homogeneous microstructure on the macroscopic 

scale and a non-homogeneous microstructure on the micrometric scale; and 

often if during the production a mixture of different powders is employed, 

instead of pre-alloyed powders, segregation of some elements can be found 

in melt pools [31,65,66]. Obviously, segregation of some elements can 

negatively affect the mechanical properties of the alloy. 

One of the most evident defects of additively manufactured components is 

the low surface finish. Roughness can be due to several causes such as 

feedstock material, geometry of the part and process parameters and be 

related to partially melted powder particles, incomplete fusion of the layer 

or “stair step” effect. The “stair step” effect is caused by the approximation 

obtained when trying to reproduce layer by layer a curved or inclined surface. 
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Surface roughness reduction depends on the interaction of several 

parameters. For this reason, it is necessary to optimize the process 

parameters for every machine and alloy employed. 

Because of the high thermal gradients arising during the process, 

components produced by AM can have cracks, delamination and distortion. 

All these defects have a catastrophic effect on the final components and can 

be related to the presence of non-uniform residual stresses in the alloys. 

In components produced by AM it is possible to distinguish three types of 

cracks. Solidification cracks can be found along grain boundaries and are 

formed mainly because of residual stresses due to contractions induced both 

thermally and by alloy shrinkage during solidification. Liquation cracking can 

be found in partially melted areas. The fast heating of the alloy below the 

liquidus temperature may cause precipitation along grain boundaries. During 

cooling, in the partially molten zones tensional stresses occur making 

precipitates to act as crack initiator. The third typology of cracks is 

delamination, that consists in the detachment of two consecutive layers 

because of the elevated residual stresses occurring during the additive 

process in between them. 

Apart from being responsible of cracks formation in materials processed by 

AM, residual stresses can also induce distortions of the components leading 

to a loss of geometric tolerances and ruining the performances of the final 

part. To avoid the formation of excessive residual stresses is necessary to 

control carefully the process parameters and the position of support 

structures in such a way to minimize distortions. Control of process 

parameters is required to reduce the thermal gradient developing from the 

fast laser-material interaction, while the presence of support structures is 

required to hold unsupported geometries and again reduce the rate of 

thermal extraction from the molten pool. 

Materials processed by L-PBF display some common features: 

• the microstructure is a combination of small grains, non-equilibrium 

phases and new chemical compounds, such as metastable intermetallics, 

that are formed during the process; 
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• parts produced by L-PBF can exhibit better mechanical properties with 

respect to wrought products due to their finer microstructure and the 

formation of non-equilibrium phases; 

• since parts are produced along specific directions the final products 

display some anisotropy; 

• re-melting and solidifying of the previously melted layers can cause 

distortion of the part and residual stresses with the need of performing 

stress relieving treatments; 

• surface roughness of parts produced by L-PBF is higher than that of 

conventionally produced parts; in particular, surface roughness of 

vertical surfaces is lower than that of curved, inclined or top ones. To 

reduce the surface roughness secondary operations, e.g. shot peening, 

machining, abrasive jet machining, are necessary. 
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1.2. Rapid solidification 

Materials processing plays a central role in material science, since it has a 

strong effect on structure, properties and performances of the products [67]. 

For this reason, during the ’80, extensive research activity was conducted to 

provide a basic understanding of the main phenomena that occur during 

rapid solidification (RS) processing (i.e. mechanism and kinetics of nucleation 

and growth; connections between RS modes and resulting structures; 

characterization of fine-scale RS structures; structure/properties 

relationships contributing to the novel properties observed) [67–70]. 

Rapid solidification processes are defined as 

processes having cooling rate larger than 102 K/s [67]. 

These cooling rates are typically achieved with processes involving 

solidification of small droplets (e.g. atomization), melt spinning of continuous 

or discontinuous ribbons or in-situ melting and solidification of thin surface 

layers. A schematic representation of these processing techniques is 

depicted in Fig. 1.6. 

Fig. 1.6 Principal techniques associated to rapid solidification [67]. 
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The techniques presented in Fig. 1.6 however are not able to provide bulk 

products, but only powders (e.g. atomization) or thin layers (e.g. melt 

spinning and self-quenching). The production of 3-dimensional shapes using 

rapidly solidified powders was performed through classical consolidation 

techniques, such as hot isostatic pressing, hot extrusion and incremental 

solidification. 

For the purposes of this thesis, incremental solidification, also known as 

layerglazing, is of particular interest as ancestor of AM; in fact in Fig. 1.7 it is 

possible to find all the elements that were already described in section 1.1 

when describing the different AM techniques, i.e. laser or electron beam, 

powder or wire feed. 

In layerglazing a  

“bulk rapidly solidified structure is built-up incrementally on a rotating 

mandrel, simply by laserglazing one thin layer of feedstock directly upon 

another in a continuous manner” [71] 

as schematically represented in Fig. 1.7. 

The changes in the microstructural features observed upon rapid 

solidification are schematically represented Fig. 1.8. 

Fig. 1.7 Schematic representation of incremental solidification or layerglazing [67]. 
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Moving from equilibrium solidification to processes having cooling rates 

higher than 102 K/s, but maintaining the local interfacial equilibrium at the 

solid-liquid interface, it is possible to observe a refinement in the 

microstructural features resulting from differences in the growth process. 

Further increasing the cooling rate (i.e. cooling rate > 106 K/s) and so moving 

towards non-equilibrium solidification, nucleation can be depressed to 

temperatures far below the liquidus temperature. This undercooling is 

responsible for the formation of novel microstructures displaying some 

peculiar features such as the extension of solid solubility, the formation of 

microcrystalline structure and metastable phases. In presence of a 

sufficiently high cooling rate and suitable alloy compositions, it is possible to 

obtain metallic glasses. These novel features are responsible for an increase 

in the mechanical properties of the materials. 

Fig. 1.8 Approximate classification of microstructural consequences upon rapid 

solidification [67]. 
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Different microstructural morphologies will result from differences in the 

thermal gradient (G) and solidification rate (R). As depicted in Fig. 1.9, it is 

possible to distinguish three solidification front morphologies when 

assuming conditions of local interfacial equilibrium at the interface. 

So, a steep thermal gradient combined with low solidification rates will result 

in the stabilization of the planar-front growth and consequently in 

compositional homogeneity. Increasing R, the solute gradient at the interface 

will increase, leading to a destabilization of the planar-front resulting in 

micro-segregation and formation of cellular or dendritic microstructures. 

The product 𝐺 ∙ 𝑅, represented in the G, R space reported in Fig. 1.9, is a 

measure of the cooling rate (Ṫ), so the microstructural refinement indicated 

by the arrow in Fig. 1.9 is the resultant of an increase in cooling rate. 

 

Fig. 1.9 Solidification morphology dependence on thermal gradient (G) and 

solidification rate (R) [67]. 
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1.3. Aluminum and Aluminum alloys 

Aluminum (Al) is one of the most used metal for industrial applications due 

to its light weight (it has a density of only 2.70 g/cm3) coupled with the high 

strength obtainable for some Al alloys [72,73]. 

Of course, the mechanical, physical and chemical properties of Al alloys will 

vary a lot according to their compositions and microstructures. The principal 

physical properties of Al are reported in Table 1.2. 

Table 1.2 Principal physical properties of Aluminum [72]. 

Property Unit Value 

Atomic number - 13 

Atomic mass - 26.982 

Crystal structure - fcc 

Lattice parameter (a) nm 0.40494 

Melting point °C 660 

Boiling point °C 2467 

Density (ρ) g cm-3 2.70 

Elastic modulus (E) GPa 70 

Mean specific heat 0-100°C  J kg-1 K-1 917 

Thermal conductivity 20-100°C W m-1 K-1 238 

Coefficient of thermal expansion 0-100°C 10-6 K-1 23.5 

Electrical resistivity at 20°C μ Ω cm-1 2.67 

Usually, to improve the properties of pure Al, what is done is to alloy selected 

elements to Al such as Copper (Cu), Manganese (Mn), Silicon (Si), Magnesium 

(Mg) and Zinc (Zn). The impurities that can be found in Al alloys are generally 

below 0.15wt%. 

Aluminum alloys are conventionally divided in two categories: wrought alloys 

and cast alloys. A further distinction of Al alloys can be provided considering 

the primary mechanism of property development.  

The Aluminum Association system developed a different nomenclature for 

wrought and cast Al alloys in which the first ones are described by a four-digit 

system and the latter by a three-digit system followed by a decimal value. 
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In Table 1.3 and Table 1.4 are reported the classifications given by the 

Aluminum Association system for both wrought and cast alloys according to 

the composition of the alloy. 

Table 1.3 Classification of wrought Al alloys according to their composition [73]. 

Series for wrought alloys 

1xxx Pure Al, ≥ 99.00% 

2xxx Cu as principal alloying element, other elements such as Mg may be 

specified 

3xxx Mn as principal alloying element 

4xxx Si as principal alloying element 

5xxx Mg as principal alloying element 

6xxx Mg and Si as principal alloying elements 

7xxx Zn as principal alloying element, other elements such as Cu, Mg, Cr, Zr may 

be specified 

8xxx Miscellaneous composition: may contain Sn, Li and Fe 

9xxx Reserved for future use 

The Aluminum Association system, moreover, developed a further 

distinction considering the heat treatments performed on the alloys to give 

an indication on the mechanical properties of alloys and how they are 

achieved. This nomenclature system consists in letters and digit added as 

suffixes to the alloy number and is reported schematically in Fig. 1.10. 

In this thesis attention will be focused on cast alloys of the 3xx.x series, in 

particular the AlSi10Mg alloy, an alloy similar to the A360.2; that will be 

discussed more in detail in section 2.1. 
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Table 1.4 Classification of cast Al alloys according to their composition [73]. 

Series for cast alloys 

1xx.x Pure Al, ≥ 99.00% 

2xx.x Cu as principal alloying element, other elements may be specified 

3xx.x Si as principal alloying element, other elements such as Cu and Mg may be 

specified 

4xx.x Si as principal alloying element 

5xx.x Mg as principal alloying element 

6xx.x Unused 

7xx.x Zn as principal alloying element, other elements such as Cu, Mg may be 

specified 

8xx.x Sn as principal alloying element 

9xx.x Unused 

Fig. 1.10 Heat treatment designation system according to the Aluminum Association 

system [72]. 
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1.4. Some open points in Additive Manufacturing 

Despite the increasing research activities concerning AM processes, at the 

beginning of my PhD course the knowledge of these innovative rapid 

solidification processes was still limited. 

The PhD was performed in the framework of the STAMP (Sviluppo 

Tecnologico dell’Additive Manufacturing in Piemonte) regional project 

dealing with the technological development of AM in Piedmont. This project, 

performed in partnership with several local industries and research facilities, 

had as one of its principal tasks the investigation of new Al alloys suitable for 

AM processes.  

In this thesis, the work performed in the framework of the project will be 

described analysing three topics not widely studied in literature at the 

beginning of the PhD. 

First, it was noticed the lack in literature of the solidification mechanism 

occurring during the L-PBF process. This was considered the first key feature 

to be analysed since, knowing the solidification mechanism, it will be possible 

to tailor new materials in function of the process instead of adjusting the 

process for known alloys. 

Once deepen the knowledge on the solidification mechanism, another 

limiting factor was identified, being the limited material palette available for 

producing components through AM, especially when considering Al alloys. 

New compositions for AM were studied exploiting the knowledge of the 

effects arising from RS (e.g. extended solid solubility, formation of novel 

microstructures, …). Moreover, a new route to test alloys for AM was 

proposed, reducing time and costs of testing. 

The presence of residual stresses was identified as a bottleneck in the 

application of parts processed by L-PBF. Few literature works were found in 

which the residual stress of components was measured and even fewer 

works employing techniques suitable for industrial application were found. 

So, to better understand this topic, several tests were performed with 

conventional and unconventional techniques easily employable for industrial 

purposes. 

Detailed motivation for each topic will be reported in the following sections 

and in the following chapters each point will be deeply described. 
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1.4.1. Understanding the solidification mechanism 

Starting from 2010, several authors have studied the optimum process 

parameters to build high density components by AM using Al-Si alloys, 

focusing their attention mostly on the peculiar microstructure resulting from 

the fast laser-material interaction and investigating the effects of thermal 

treatments on these novel microstructural features [9,11,15–21,74–88]. 

Nevertheless, detailed knowledge of the mechanism of formation of the 

microstructural features during fast cooling was not fully described. What is 

known, is that, after fast melting the crystal growth front moves rapidly 

across the melt pool producing a microstructure made of cells (or columns) 

and fine eutectic. The primary phase is apparently supersaturated and the 

eutectic coupled growth is confined in thin volumes around the cells 

[17,89,90] so the amount of trapped solute and that of retained eutectic are 

crucial parameters to be clarified. 

Exploiting the fact that the extension of Si solubility in Al-Si alloys has been 

studied since the early development of rapid quenching technique in the ’80 

to investigate surface hardening, it was aimed to advance in the 

interpretation of the microstructure of L-PBF Al-Si alloys on the basis of the 

available information on rapid solidification and new experiments. Using the 

changes in lattice parameter of Al, the thermodynamic of metastable phases 

and the kinetics of precipitation in samples produced by splat quenching, 

melt spinning and atomization [91–99] along with studies on dendritic 

growth under rapid solidification conditions [98,100–103], a correlation was 

sought for microstructures produced by different RS techniques spanning a 

large range of cooling rates. Moreover, experimental results on 

supersaturation, calorimetric responses and dimensions of the 

microstructural features were exploited along with the literature to propose 

a solidification mechanism. 
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1.4.2. Enlarge the material palette 

Once investigated the solidification mechanism associated to L-PBF 

processes, the next step was to investigate how it is possible to improve the 

properties of the AlSi10Mg alloy. 

From a literature search, it was evident that despite the increasing demand 

of new materials compatible with L-PBF processes and the amount of 

research work [31,66,104,105], the palette of materials available is still 

limited [63,106]. One of the main issues associated to the development of 

new alloys for AM is the necessity to have powders of appropriate size and 

shape. In order to test new materials, either powders of suitable composition 

should be produced, or commercial powders should be mixed for direct alloy 

synthesis under the laser beam. Mixing powders of different elements or 

alloys is fast and allows flexibility in designing new alloys, however, 

fluctuation in composition may occur, especially if powders having different 

melting point and reflectance are employed [13,65,105,107,108]. In both 

cases building samples for microstructure evaluation and property screening 

is demanding in terms of time and material consumption. 

To optimize the process parameters for L-PBF and reduce the amount of 

material consumption, Laser Single Scan Tracks (SSTs) could be useful. SSTs 

consist in scanning powders with a laser along a single line to verify if the 

melt pool originating from the laser-material interaction is continuous and 

stable [109]. As reported in literature [110–114], the process window 

providing a stable melt pool in SSTs is likely to produce a 3D object with high 

density. However, the microstructural features of SSTs have not been 

investigated in detail, including the role of fluctuation in elemental 

composition which may be expected because of the fast laser-material 

interaction. 

In AM melt pools are rapidly solidified by the underlying alloy, as shown by 

the refined microstructures and supersaturation found in the products. Since 

rapid solidification techniques are well established, e.g. Melt Spinning (MS), 

it appears also useful to test the outcome of solidification of new materials 

by MS to quickly determine their microstructure and the main properties 

before performing L-PBF synthesis. Melt spun products are obtained from a 
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homogeneous melt, even if different powders are mixed, because of the 

inherent stirring which occurs in induction melting, whereas SSTs mimics the 

conditions encountered in L-PBF. Therefore, MS seems suited for alloy 

selection whereas SSTs for defining the laser processing parameters. 

Following up the comparison of rapidly solidified AlSi10Mg alloy described in 

chapter 3, the next step was to modify the composition of the alloy to 

improve its mechanical properties. This was done by both adding typical 

hardeners (e.g. Cu and Ag) [72,115] and grain refiners (Er, TiB2 and Sr)      

[116–128] of Al alloys to the AlSi10Mg alloy and evaluating the effect of rapid 

solidification on the microstructure and nanoindentation hardness of the 

new compositions. 

The final goal of these tests was to validate a new route for testing materials 

suitable for AM limiting the time and amount of material necessary for 

material design. In particular, the possibility to employ MS and SSTs as tools 

to predict the microstructure and properties of a component produced by 

L-PBF was explored. 

 

1.4.3. The problem of residual stresses 

As already introduced in section 1.1, the steep thermal gradients arising 

during the Additive Manufacturing processes as well as the alternating 

thermal expansion and contraction of the alloys due to heating and cooling 

in the subsequent layers can result in the formation of residual stresses. 

Residual stresses are defined as 

“self-equilibrating internal stresses existing in a free body which has no 

external forces or constraints acting on its boundary” (UNI EN 15305:2008). 

Residual stresses can be classified according to the scale at which they occur. 

Stresses of type I are those varying over large distances, i.e. the dimension of 

the part, and can result in macroscopic deformation of the part. Type II and 

type III stresses instead occur due to the presence of different phases and 

dislocations at the atomic scale. Here attention will be focused primarily on 

type I residual stresses [129,130]. 
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The magnitude of residual stresses arising in the alloy will vary according to 

the properties of the different alloys and to the process parameters 

employed during AM; moreover, as reported for welding, these are highly 

non-uniform in space and, of course, will vary a lot with time during the 

process. 

The presence of residual stresses can be advantageous, for instance the 

presence of compressive stresses on the surface of a component is helpful in 

increasing the overall load resistance and preventing crack growth from the 

surface [129]. But high residual stresses can have detrimental effect on parts 

produced by AM leading to distortion, cracking and delamination. To prevent 

the distortion of the part, a careful positioning of the support structures is 

required, moreover it is important to fully optimize the process parameters 

for the job, i.e. high laser power, low scan speed, thicker layers, shorter scan 

vectors and the use of preheating can reduce the cooling rate and so the 

thermal gradient arising in the alloy. Other key factors to consider in 

predicting the formation of high residual stresses are the properties of the 

material to be processed such as thermal diffusivity, thermal expansion, yield 

stress, Young’s modulus and melting point as well as the presence of 

significant metallurgical phenomena, e.g. allotropic transformations. 

Despite the fact that residual stresses are one of the main problems in the 

production of complex components by AM, research activities on this topic 

are still limited [129,131–145]. 

Residual stresses can be measured with several techniques, the most suited 

one should be chosen according to the type of part under study taking in 

consideration sampling volume, accuracy and destructiveness. 

In Fig. 1.11 are reported the principal techniques employed conventionally 

to perform residual stress measurements along with their destructiveness. 

Among the different techniques for residual stress determination, here 

attention was focused on X-Ray Diffraction (XRD), a non-destructive 

technique analysing a limited volume of sample depending on the 

penetration of the X-ray in the material. In particular, residual stress 

measurements with XRD were carried out to investigate if changes in process 

parameters were able to affect the final stress of the components. 

Moreover, following the work performed by Li et al. in [79], residual stress in 

the AlSi10Mg alloy was investigated also with Raman spectroscopy, a 
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technique not listed in Fig. 1.11 which can be used in specific cases such as 

Al-Si alloys. 

Raman spectroscopy is known to provide information on microscopic strain 

of Si by analysing the shift of its transverse optic (TO) mode; as reported in 

Fig. 1.12 a blue shift (higher wavenumber) is indicative of compressive stress 

and a red shift (lower wavenumber) is indicative of tensile stress [146–154]. 

In principle this technique would allow to get fast and in a non-destructive 

way information on the stress level present in Si containing alloys. 

Nevertheless, Raman shift is well known to be influenced also by the size of 

Si crystals, especially when the nanometre range is reached, as reported in 

[155–166]. In their work, Campbell and Fauchet [167] explain that a 

distribution of tensile stresses in a Si sample can produce a Raman spectrum 

identical to that resulting from a sample containing small Si crystals, but in 

this second case it is possible to observe also a broadening of the peak. This 

is related to the fact that optical properties of crystals change alongside with 

their dimension, in particular, if crystals having dimension lower than 10 nm 

are considered, quantum size and confinement effects (i.e. the interruption 

Fig. 1.11 Classification of the techniques that can be used for the determination of 

residual stresses along with their destructiveness [130]. 
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of phonon propagation due to the limited periodicity of crystals along with 

the relaxation of the selection rule 𝑞 = 0 and the scattering contribution 

from the whole Brillouin zone beside the centre) become important leading 

to a bandgap increase and to a strong modification of optical and electrical 

properties. 

So, to understand if the Raman shift observed in samples produced by means 

of rapid solidification was correlated to the presence of stresses or phonon 

confinement, a systematic study was performed and a correlation was 

sought with the residual stress values obtained conventionally analysing the 

residual stress of the face centred cubic Al by XRD. 

 

  

Fig. 1.12 Schematic representation of the effect of residual stresses on the position 

of the transverse optic mode of Si (image from the www.nanophoton.net website). 
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2. Materials and methods 

2.1. AlSi10Mg alloy 

In Aluminum-Silicon (Al-Si) alloys of the 3xx.x series, according to the quantity 

of Si present in the alloy, it is possible to distinguish among eutectic alloys, 

i.e. having Si content of 12.7wt% (green line in Fig. 2.1), hypoeutectic alloys, 

i.e. those with Si content lower than 12.7wt% (blue box in Fig. 2.1), and 

hypereutectic alloys, i.e. those in which the amount of Si is larger than 

12.7wt% (yellow box in Fig. 2.1). 

Al-Si alloys are typically employed in aerospace and automotive industries 

due to their good mechanical properties coupled with their low weight and 

high heat conductivity. These alloys are widely used for casting due to their 

good castability, weldability and corrosion resistance. 

Fig. 2.1 Al-Si phase diagram in which the blue box represents hypoeutectic 

compositions, the yellow one the hypereutectic compositions and the green line the 

eutectic composition. The red dash-dot line represents the T0 curve for the Al rich 

part of the phase diagram. 
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In this thesis, attention will be focused on the AlSi10Mg alloy, that is a 

hypoeutectic Al-Si alloy conventionally used for casting. 

The presence of Si in the AlSi10Mg alloy is at the origin of the good castability 

of the alloy; this, coupled with the small solidification range of the 

near-eutectic composition, favours the processability of AlSi10Mg by L-PBF 

[106]. Moreover, Si improves the fluidity of the alloy, leads to higher wear 

resistance, strength and hardness and influences the thermal expansion 

coefficient and specific density of the alloy according to its content. 

Magnesium in Al-Si alloys is usually added to harden the alloy through the 

precipitation of Mg2Si, which gives a strengthening of the matrix without 

affecting the other mechanical properties [73]. 

When solidifying in equilibrium condition, hypoeutectic Al-Si alloys display a 

microstructure made of dendrites of -Al surrounded by lamellar Al-Si 

eutectic, as depicted in Fig. 2.2. The amount of eutectic present in the alloy 

will vary according to the amount of Si present in the alloy following the lever 

rule. 

Fig. 2.2 Optical micrograph representing the equilibrium microstructure of the 

AlSi10Mg alloy used in the present work. The microstructure is made of primary -Al 

dendrites and lamellar Al-Si eutectic. 
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2.2. Production techniques employed 

2.2.1. Arc Melting 

Master alloys, when necessary, were prepared using an arc furnace. The 

electric arc Buehler furnace is made of a vacuum system (consisting in a 

rotative and a turbomolecular pump), a cylindrical room, an electrode made 

of a Tungsten-based alloy, a current generator (necessary for the production 

of the electric arc) giving a current from 20 to 400 A, a water-cooled Copper 

plate having crucibles of different size and shape where elements are molten 

and an entry for the gas flux (usually Argon 99.999% pure) necessary to limit 

the amount of Oxygen from the melting chamber (Fig. 2.3).  

 

2.2.2. Copper Mould Casting 

Casting is a traditional manufacturing process consisting in pouring a liquid 

metal inside a mould of the desired shape to let it solidify. In the case of 

Copper Mould Casting (CMC), the Cu mould assures fast heat extraction from 

the molten alloy to obtain RS. 

The instrumental apparatus employed for CMC is depicted in Fig. 2.4. A 

quartz crucible is surrounded by an induction coil used to melt the material 

and the Cu mould is aligned with the nozzle of the crucible. All the 

Fig. 2.3 Buehler arc furnace along with its components. 
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components mentioned are surrounded by inert atmosphere to avoid 

oxidation of the alloy. Once the alloy is completely molten a gas overpressure 

ejects the alloy into the mould and the heat is dissipated through the Cu walls 

of the mould. [168]  

Here, due to the difficulties encountered in melting powders by induction, a 

Tantalum (Ta) foil positioned inside the quartz crucible was employed as a 

susceptor to help the melting process. The presence of the Ta foil, even if 

fundamental to melt the powders, does not allow to see when the liquid is 

homogeneous, so to have a homogeneous liquid the alloy was kept well 

above the melting temperature. 

The Cu moulds employed to produce the samples have conical (ø = 1 𝑚𝑚) 

and cylindrical shape (0.5 𝑚𝑚 ≤ ø ≤ 5 𝑚𝑚), Fig. 2.5. 

Fig. 2.4 Copper Mould Casting apparatus [168]. 

Fig. 2.5 Conical (a) and cylindrical (b) Cu moulds employed to produce CMC samples. 
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An example of sample produced by means of CMC using the conic mould is 

reported in Fig. 2.6. 

 

2.2.3. Melt Spinning 

Melt Spinning is a rapid solidification processing route (solidification rates 

ranging between 104 and 107 K/s) consisting in the expulsion of a molten alloy 

onto a rotating Cu wheel to produce ribbons. The MS apparatus is made of a 

furnace, composed by a crucible surrounded by an induction coil, and a 

rotating Cu wheel. An example of Melt Spinning apparatus is represented in 

Fig. 2.7. [169] 

Also for MS, to melt AlSi10Mg powders was necessary to introduce a 

susceptor into the crucible. More specifically in this case Boron Nitride (BN) 

crucibles were employed and to avoid contaminations of the alloy, a Ta foil 

Fig. 2.6 AlSi10Mg cone produced by Copper Mould Casting. 

Fig. 2.7 Schematic representation of a Melt Spinning apparatus [169]. 
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was introduced in between two layers of BN, as schematically depicted in  

Fig. 2.8. 

Once molten, the alloy is ejected by an Ar gas overpressure onto the Cu 

wheel rotating at a predefined velocity. 

The ribbons obtained display different morphologies on the two sides, so 

distinction will be made between air side, that correspond to the part of the 

ribbon that exchange heat with the inert atmosphere, and wheel side, 

corresponding to the side of the ribbon directly in contact with the Cu wheel 

during solidification. 

An example of MS ribbon is shown in Fig. 2.9. 

Fig. 2.8 Cross section of the crucible employed in Melt Spinning experiments to melt 

the powders. 

Fig. 2.9 AlSi10Mg ribbon obtained by Melt Spinning. 
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2.2.4. Laser Powder Bed Fusion process 

The AM samples were prepared by Direct Metal Laser Sintering (DMLS), that 

is the EOS trademark for L-PBF, with an EOSINT M270 Dual Mode version 

property of IIT and Polytechnic of Turin located in the IAM (Integrated 

Additive Manufacturing) laboratory in Polytechnic. 

In this machine, a high-power Ytterbium (Yb) fibre laser system is used to 

selectively melt layers of powders under an inert Argon (Ar) atmosphere with 

a continuous power up to 200W. 

The functioning of the DMLS machine, showed in Fig. 2.10, was already 

described in section 1.1. 

This machine employs different parameters for the core of a component, for 

its lower and upper surfaces, parallel to the building plane, and for the lateral 

outer surface, called contour. Core and Skin correspond to the 2-dimensional 

surfaces scanned by the laser source, while the contour is associated to a 

1-dimensional closed-type line. First, the contour of the layer structure is 

exposed; then the inner area delimited by the contour is scanned through 

hatching: the laser beam moves line after line several times, and the distance 

between the lines is called hatching distance. Finally, a second exposure of 

the exterior part contour is carried out to make sure that the part edges 

correspond exactly to the CAD model, and that the part can thus be built with 

Fig. 2.10 EOSINT M270. 
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the correct dimensions. Layer thickness and scanning strategy are also 

fundamental parameters. The thinner the powder layer, the greater the 

degree of interlayer bonding and, so, the higher the final density that can be 

obtained. However, if a too thin layer is chosen the rate of manufacturing will 

be too slow and the production time considerably longer. 

Regarding the scanning strategy associated to the core and to the skin (made 

up of three layers), a certain degree of rotation between the layers is 

suggested to obtain better overlap. This should make the mechanical 

properties of the parts more isotropic in comparison with other scanning 

strategies made of layers with unidirectional vectors or with a cross-ply 

pattern. In the present case the direction of scanning is rotated of 67° in 

between consecutive layers [18]. 

The samples produced for characterization purposes are cubes of 

15𝑥15𝑥13 𝑚𝑚  including supports. The dimensions of samples without 

supports are 15𝑥15𝑥10 𝑚𝑚 . Images of L-PBF sample with and without 

supports are presented in Fig. 2.11. 

  

Fig. 2.11 Cubes produced by L-PBF: detail of the supports (a) and top and side surfaces 

(b). 
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2.3. Characterization techniques 

2.3.1. Optical Microscopy 

Optical microscopy (OM) is used to characterize the microstructure of 

samples. 

The OM employed in this work is a Leica DFC295 coupled with the Leica 

Application Suite (LAS) software. The magnifications achievable with this 

instrument are 50X, 100X, 200X, 500X and 1000X. 

 

2.3.2. Scanning Electron Microscopy 

The Scanning Electron Microscope (SEM) gives information both on the 

composition (backscattered electrons) and on the morphology (secondary 

electrons) of metallographic samples. Moreover, with Energy Dispersive 

X-Ray spectroscopy (EDX), it is possible to obtain qualitative and quantitative 

information on the elements present in the samples. 

The SEM used for this work is a LEICA STEREO SCAN 420. In this specific 

instrument, electrons are generated by a Tungsten filament and accelerated 

applying a potential difference in the range of 1 to 30 kV. 

 

2.3.3. Field Emission Scanning Electron Microscopy 

To obtain images with higher resolution a Field Emission Scanning Electron 

Microscope (FESEM), having a range of magnifications from 10X to 300kX, 

was employed. With FESEM information can be collected through secondary 

electrons, backscattered electrons and characteristic X-Ray as already 

described for the conventional SEM, moreover it is possible to acquire 

images with the In-Lens detector, allowing to obtain clearer and less 

electrostatically distorted images with respect to a conventional SEM. The 

In-Lens acquisition system exploits a magnetic field to collect secondary 

electrons with high efficiency; in particular, it allows to obtain images with 

high contrast at low voltages and small working distances.  

FESEM micrographs displayed in the following sections were acquired with a 

ZEISS SUPRA TM 40 equipped with Energy Dispersive X-ray spectrometer 
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(EDX, Oxford INCA Energy 450). High magnification images were acquired 

applying an accelerating potential of 5 kV with the 30 m aperture and fixing 

the working distance at 7 mm. Images were generally acquired both using 

secondary electrons and In-Lens detectors. 

 

2.3.4. X-Ray Diffraction 

X-Ray Diffraction (XRD) is a powerful non-destructive technique that 

investigate the structure of crystalline materials using a monochromatic 

beam of X-Rays. The fundamental law describing the principles of this 

technique is the Bragg’s law: 

𝑛𝜆 = 2𝑑 sin 𝜃 

where 𝜆  is the wavelength of the incident X-Rays beam, 𝑛  is an integer 

representing the scattering order, 𝑑 is the interplanar distance of the plane’s 

diffracting family and 𝜃 is the Bragg’s angle, corresponding to half the angle 

between incident and diffracted beam. 

Each diffraction pattern is a fingerprint of the material under study and 

allows to determine which are the phases present in a sample as well as their 

crystallographic structure. 

This technique can be used directly on all crystalline solids (from powders to 

bulk samples) without the necessity of specific pre-treatments. However, the 

acquisition time necessary to obtain a good diffraction pattern can be quite 

long, depending on the quality required for the subsequent analysis. 

XRD measurements described in the following sections for phase 

identification and lattice parameter calculation have been performed in 

Bragg-Brentano configuration, Fig. 2.12, with a Panalytical X’Pert X-Ray 

Fig. 2.12 Schematic representation of the Bragg-Brentano configuration. 



37 
 

diffractometer by Philips, using the Kα emission line of a Cu filament        

(𝜆𝐶𝑢 = 1.5418 Å) as incident radiation. To produce the radiation an X-Ray 

tube with a voltage of 40 kV and a current of 30 mA has been used. 

Stress measurements were performed in the -method (also called 

iso-inclination method) in which the specimen is tilted of an angle , lying 

on the same plane of 2, about the  axis; following the procedures reported 

in the UNI EN 15305:2008 and in the SAE HS-784:2003 standards.  values 

correspond to the sum of  plus . In Fig. 2.13 is reported a schematic 

drawing of the -configuration in which S1, S2 and S3 represent the sample 

coordinate system,  is the Bragg angle, 2 is the diffraction angle, R 

represents the rotation about the  axis, R is the rotation about the  axis, 

X is the X-Ray tube, SP is the specimen and D is the detector. 

The -method was applied both with negative and positive -offset, when 

negative offset is applied the decreased incidence angle can cause the 

“defocusing effect” to increase, leading to a broadening of the diffraction 

lines and a decrement of the intensity of the peaks. 

The value of residual stress was calculated assuming plane stress conditions, 

i.e. implying the component of stress normal to the sample surface to be 

negligible; using the following equation, representing the basic relation 

between lattice strain and stresses, 

Fig. 2.13 Schematic representation of the -configuration (UNI EN 15305:2008). 
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𝜀𝜙Ѱ = (
1 + ѵ

𝐸
)
ℎ𝑘𝑙

𝜎𝜙𝑠𝑖𝑛2Ѱ − (
ѵ

𝐸
)
ℎ𝑘𝑙

(𝜎1 + 𝜎2) 

in which 𝜀𝜙Ѱ  is the strain vector, ѵ  is the Poisson ratio, 𝐸  is the Young 

modulus, 𝜎𝜙  is the surface stress component to be determined, Ѱ  is the 

tilting angle selected during the measurements and 𝜎1  and 𝜎2  are stress 

components. 

It is possible to describe the effective strain normal to the specimen surface 

as 

𝜀𝜙Ѱ =
𝑑𝜙Ѱ − 𝑑0

𝑑0
=

∆𝑑

𝑑0
 

Where 𝑑0 is the unstressed interplanar spacing and 𝑑𝜙Ѱ corresponds to the 

measured interplanar spacing. When Ѱ = 0 , 𝑑𝜙0  will correspond to the 

measured spacing approximate in the direction of the surface normal. 

From these equations it is evident that, if the stress is biaxial, the distribution 

of 𝑑𝜙Ѱ as a function of 𝑠𝑖𝑛2Ѱ will follow a linear trend. The intercept of the 

linear fit will correspond to the interplanar spacing at Ѱ = 0 

𝑑𝜙0 = 𝑑0 [1 − (
𝜈

𝐸
)
ℎ𝑘𝑙

(𝜎1 + 𝜎2)] 

while the slope of the fit will correspond to the residual stress in the 

specimen 

𝜎𝜙 = [(
𝐸

1 + 𝜈
)
ℎ𝑘𝑙

1

𝑑0
(

𝜕𝑑𝜙𝛹

𝜕𝑠𝑖𝑛2𝛹
)] 

Intercept and slope values along with their errors were determined through 

linear regression on the experimental data imposing a 95% confidence level 

to the linear fit. 

In performing the calculation for residual stresses, it is important to underline 

that the elasticity constant to be used is the one specific for the (hkl) plane 

under analysis and that this value can differ considerably from the 

macroscopic value of a bulk specimen. The elastic constants specific for the 

(hkl) plane under consideration were calculated with the Reuss approach, 

that assumes all the grains to develop equal stresses, using the following 
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formulae in which the ratios -ѵ/E and (1+ѵ)/E are described in terms of elastic 

compliances  

[
−ѵ

𝐸
]
𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡 𝑠𝑡𝑟𝑒𝑠𝑠

= 𝑆12 +
ℎ2𝑘2 + 𝑘2𝑙2 + 𝑙2ℎ2

(ℎ2 + 𝑘2 + 𝑙2)2
(𝑆11 − 𝑆12 −

1

2
𝑆44) 

[
1 + ѵ

𝐸
]
𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡 𝑠𝑡𝑟𝑒𝑠𝑠

= 𝑆11 − 𝑆12 − 3
ℎ2𝑘2 + 𝑘2𝑙2 + 𝑙2ℎ2

(ℎ2 + 𝑘2 + 𝑙2)2
(𝑆11 − 𝑆12 −

1

2
𝑆44) 

Residual stress measurements were performed with the Panalytical X’Pert 

X-Ray diffractometer by Philips, using the Kα emission line of a Cu filament 

(𝜆𝐶𝑢 = 1.5418 Å) as incident radiation, focusing on the (422) reflection of 

the face centred cubic (fcc) Al. The values of elastic compliances used to 

calculate the elastic constants for the (422) reflection of Al are reported in 

Table 2.1. 

Table 2.1 Values of elastic compliances used for the calculation of the elastic 

constants for the (422) reflection of Al. 

S11 [Pa-1] S12 [Pa-1] S44 [Pa-1] Reference 

1.59*10-11 -5.80*10-12 3.52*10-11 [170] 

The measurements at different  angles, reported for clarity in Table 2.2, 

were performed in the 2 range from 135° to 141° with a step size of 0.0334° 

and with a time per step of 500 s. 

Table 2.2 Positive and negative  offset and corresponding sin2 employed to 

measure the residual stresses by XRD. 

Negative offset [°] Sin2 Positive offset [°] Sin2 

-50.768 0.6000 0.000 0.0000 

-45.000 0.5000 +18.435 0.1000 

-39.232 0.4000 +26.565 0.2000 

-33.211 0.3000 +33.211 0.3000 

-26.565 0.2000 +39.232 0.4000 

-18.435 0.1000 +45.000 0.5000 

0.000 0.0000 +50.768 0.6000 

To determine the exact position of the diffraction peaks, experimental data 

were fitted with a Pseudo-Voigt function using the X’Pert Highscore software 
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by Panalytical. Residual stress values, obtained at both positive and negative 

 offset, were averaged to provide a mean stress value. 

Of course, instrument alignment was carefully checked prior to start the 

residual stress measurements (as suggested by the SAE HS-784:2003 and by 

the UNI EN 15305:2008 regulations). In order to verify instrumental 

alignment, measurements were performed on unstressed Ni and Al 

powders; moreover, trials of residual stress measurements were performed 

on a standard IN718 specimen provided us by GE Avio to verify if the 

procedure used for the calculation was correct. Measurements on the IN718 

specimen were performed on the (311) reflection of Ni using the same 

acquisition parameters already described for the Al, the only difference 

being the angular range of the analysis (from 86° to 94°). In Table 2.3 are 

reported the values of elastic compliances employed for calculating the 

elastic constants on the (311) reflection of Ni. 

Table 2.3 Values of elastic compliances used for the calculation of the elastic 

constants for the (311) reflection of Ni. 

S11 [Pa-1] S12 [Pa-1] S44 [Pa-1] Reference 

7.99*10-12 -3.12*10-12 8.44*10-12 [171] 

Moreover, to be sure to align the samples always in the same way, a 

home-made sample holder exploiting a micrometric screw for the regulation 

of sample positioning was built, Fig. 2.14. 

 

Fig. 2.14 Home-made sample holder specifically designed for residual stress 

measurements. 
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2.3.5. Differential Scanning Calorimetry 

Differential Scanning Calorimetry (DSC) is a thermo-analytical technique 

based on the measure of the differences in heat flux between sample and 

reference when the sample undergoes a physical transformation during a 

controlled heating or cooling defined by a thermal program chosen by the 

operator. The amount of heat that will flow to the sample will depend on the 

transformation being endothermic (higher heat flux) or exothermic (lower 

heat flux). 

DSC measurements are performed in an inert atmosphere in order to avoid 

unwanted reactions (e.g. oxidation) or contaminations; here measurements 

were performed under a constant flux of Argon (Ar).  

The measurements described in the following sections were performed using 

a TA Q100 DSC. Measurements were performed to observe both 

precipitation phenomena at lower temperatures and melting and 

solidification of the alloy under study. 

Measurements exceeding the melting temperature were performed in Al2O3 

pans and those at lower temperature in Al pans equilibrating the heat flux 

during the measurements both at low and high temperature. 

 

2.3.6. Nanoindentation 

To evaluate the hardness of the alloys, nano-indentation tests were 

conducted with a TI950 Nanoindenter (Hysitron) at the Istituto Italiano di 

Tecnologia (IIT). The most common method to analyse the hardness and 

modulus values from an indentation curve is the Oliver-Pharr method. The 

Oliver-Pharr method requires no imaging of the indentation, instead it is 

based on contact mechanics [172]. The tests were performed by applying and 

removing a controlled load to the specimens using a geometrically 

well-defined probe, producing traditional force versus displacement curves. 

The analysis of these curves provided information regarding the mechanical 

properties of the sample. A diamond Berkovich tip indenter was used, that is 

a 3-sided diamond pyramid with an included angle of 142.3°, where the angle 

from the normal to a face is 65.35°. For MS samples indentation was 

performed every 4 m on a grid having a width of 40 m and variable length 
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according to the specimen thickness. On SST the grid was performed covering 

completely the melt pool spacing the indentation marks of 7.5 m one from 

each other. For all samples the load velocity was 100 N/s, maximum load 

was fixed to 2.5 mN and kept for 5 s. Load charge and discharge was done at 

the same velocity. For the XZ section of the as built AlSi10Mg+Cu L-PBF 

platelet the load was increased at 250 N/s up to a maximum load of 2.5 mN 

that is removed after 5 s and then decreased at the same rate on a grid with 

384 indentations (4 along X and 96 along Z), distant 10 m from each other. 

 

2.3.7. Raman Spectroscopy 

Raman spectroscopy is a technique based on the inelastic scattering of light 

photons and it is commonly used to investigate vibrational, rotational and 

other low frequency modes of a Raman-active system in order to identify 

intra-atomic interactions. For a molecule to be Raman active, the electric 

polarizability needs to change if exposed to an external electromagnetic field. 

In a typical Raman spectrometer, a monochromatic laser beam is produced, 

this is focused on the sample surface and interacts with it creating an excited 

virtual state of the molecules in the sample. This state, being unstable, 

immediately returns to equilibrium emitting the photon as scattered light. 

When the focused laser light hits the sample, incident photons usually 

undergo through Rayleigh elastic scattering leaving unchanged the state of 

the molecules in the sample. However once every 106-108 photons the 

scattering will be inelastic, resulting in the emission of a photon with either 

higher (Anti-Stokes) or lower (Stokes) energy with respect to the incident one 

and in the change of the vibrational or rotational modes of the molecules of 

the samples, Fig. 2.15. [173] 

When photons are emitted with energy lower than that of the incident ones, 

the molecule will be at a higher energy state, meaning that there is a shift 

towards lower frequencies called Stokes shift (or downshift). Vice versa if the 

photons are emitted with energy higher with respect to the incident ones, 

there will be a shift towards higher frequency called anti-Stokes shift (or 

upshift). The ratio of Stokes and anti-Stokes scattering depends on the 

population of different states, i.e. at room temperature the ground state will 
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be more populated, so Stokes lines will be more intense with respect to anti-

Stokes lines. Therefore, usually Raman spectrometer are equipped with 

filters that allow to measure only the Stokes scattering. 

A schematic representation of the elements composing a Micro-Raman 

equipment is reported in Fig. 2.16. 

In order to solve Raman spectra, a widely acknowledged confinement model 

proposed by Richter et al. [174] and extended by Campbell and Fauchet [167] 

to describe the behaviour of porous Si can be employed. 

When very small nano-crystals are considered, the lattice excitations due to 

light scattering, are limited to the finite space occupied by the crystal itself. 

For these reasons, a phonon is considered confined in the crystallite volume. 

Fig. 2.15 Scheme for photon scattering modes resulting from laser-material 

interaction in Raman spectroscopy [173]. 

Fig. 2.16 Scheme of the elements composing a Micro-Raman [147]. 
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The model is developed considering a Stokes scattering process in an infinite 

crystal, in which the wavevector difference is transferred to a phonon with 

wavevector 𝑞0⃗⃗⃗⃗ . The wave function of that generic phonon is 

𝛷(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) = 𝑢(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 )𝑒−𝑖𝑞0⃗⃗ ⃗⃗   𝑟  

where 𝑢(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) has the periodicity of the lattice, while the phonon in the 

nano-crystal becomes 

Ѱ(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) = 𝑊(𝑟 , 𝐿)𝛷(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) = Ѱ′(𝑞0,⃗⃗ ⃗⃗  ⃗ 𝑟 )𝑢(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) 

with 𝑊(𝑟 , 𝐿) as the phonon weighting function. Ѱ′(𝑞0,⃗⃗ ⃗⃗  ⃗ 𝑟 ) can be expanded in 

a Fourier series having coefficients 

𝐶(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 ) =
1

2𝜋3
∫𝑑3𝑟Ѱ′(𝑞0,⃗⃗ ⃗⃗  ⃗ 𝑟 )𝑒

−𝑖𝑞0⃗⃗⃗⃗  ⃗ 𝑟⃗⃗ 

 

The Raman scattering intensity is then described by a continuous 

superimposition of Lorentz curves with bandwidth 𝛾  centred at the 

theoretical wavenumber 𝜔(𝑞) of the phonon dispersion curve and weighted 

by the |𝐶(𝑞0,⃗⃗⃗⃗  ⃗  𝑟 )|2 factor. 

Assuming a spherical Brillouin zone, neglecting scale factors and assuming 𝑞0⃗⃗⃗⃗  

for one phonon scattering, the Raman intensity can be written as 

𝐼(𝜔) ∝ ∫𝑑3𝑞
|𝐶(𝑞0⃗⃗⃗⃗ )|

2

(𝜔 − 𝜔(𝑞))
2
− (

𝛾
2)

2 

Through the phonon dispersion relation, the wavelengths can be easily 

calculated as 

(𝜔(𝑞))
2
= 2𝑌𝑎 [

2

𝑚𝑎
± √(

2

𝑚𝑎
)
2

− 2
1 − 𝑐𝑜𝑠(𝑞𝑎)

𝑚𝑎
2

] 

In which 𝑌 is the Young modulus specific for porous Si (51.35 GPa), 𝑎 is the 

lattice parameter for Si crystals (0.5431 nm) and 𝑚𝑎 is the atomic mass of Si 

(1.66 ∙ 10−27 ∙ 14 kg). 

The wave vectors 𝑞  can also be represented as discretized values of the 

phonon momentum, although it should be kept in mind that the larger is the 
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wavelength of the phonons, the smaller is the corresponding wavevector 

(
4.49

𝐿
). The allowed wavevectors will span in the range 

4.49

𝐿
,
7.72

𝐿
,
10.90

𝐿
, … ,

2𝜋

𝑎
. 

Various Fourier coefficient and weighting functions were considered, but in 

all the considered literature [163,165,167,175] the Gaussian profile was 

considered as the one that agrees better with the experimental data. 

The coefficient and the weighting function were hence defined as: 

|𝐶(0, 𝑞)|2~𝑒
(−

𝑞2𝐿2

16𝜋2)
                𝑊(𝑟, 𝐿) = 𝑒

(−
8𝜋2𝑟2

𝐿2 )
 

In this model, smaller nanocrystals will correspond to broader and more 

shifted Raman peaks. 

This method was further expanded by Amato and Brunetto [165,175]. They 

considered a material composed by Si nano-crystals not having a defined 

dimension and proposed a log-normal distribution describing the dimensions 

of the nano-crystals inside the sample with the help of Transmission Electron 

Microscope (TEM) observations. In this way 𝐿 is no longer considered as a 

deterministic fitting parameter but as a log-normal stochastic variable. 

The distribution of the sizes become then governed by this formula 

𝑑𝐹(𝑥) =
1

𝜎√2𝜋
𝑒𝑥𝑝 {−

[𝑙𝑛(𝑥) − 𝜒]2

2𝜎2
} 𝑑 𝑙𝑛(𝑥) 

in which, since 𝜒 = 𝑙𝑛(𝑥) is related to the most probable value of 𝑥 and since 

𝑥 represents the dimension 𝐿 of the nano-crystals, it is easier to represent 𝑥 

as the logarithm of the said most probable value, corresponding to the mode 

of the distribution (addressed from now on as 𝜌). 

Analysis of the Raman spectra were performed writing a program in the 

Mathcad software in order to fit the Raman signals obtained experimentally. 

At the beginning of the program, a three-point smoothing was added to 

improve the signal to noise ratio according to this formula 

𝑦𝑖 = 0.25𝑦𝑖−1 + 0.50𝑦𝑖 + 0.25𝑦𝑖+1 

This procedure was followed by normalization and removal of the baseline, 

calculated as the minimum value of the raw data. 

The Longitudinal Optical (LO) vibrational mode was approximated inside the 

fitting function as a Cauchy-Lorentz distribution function. The fitting 
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program, created following the Levenberg Marquardt method through the 

minimization of mean squared errors, creates a function through numerical 

integration, in accordance with the Campbell and Fauchet model, and 

calculates the frequency range through the conversion of the Raman shift. 

The instrument used for the characterization of the AlSi10Mg samples is a 

Renishaw Invia Raman Microscope coupled with a blue laser source having 

wavelength of 442 nm. Measurements were performed limiting the laser 

power to 10% and focusing the light through a 50X objective, spectra were 

acquired exploiting the accumulation of 20 acquisition of 5 s each. 
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3. Part I: Solidification mechanism in AlSi10Mg 

3.1. Experimental procedure 

To investigate the solidification mechanism occurring in AlSi10Mg alloy when 

subjected to rapid solidification, several test samples have been produced 

employing techniques spanning a large range of cooling rates, i.e. Copper 

Mould Casting, Melt Spinning and Laser Powder Bed Fusion. 

All samples were produced starting from the same commercial gas atomized 

powder, provided by EOS GmbH, having the chemical composition reported 

in Table 3.1. 

Table 3.1 Chemical composition in wt% of the AlSi10Mg gas atomized powders 

provided by EOS GmbH. 

Alloy Si Fe Cu Mn Mg Zn Ti Al 

AlSi10Mg 9 - 11 ≤0.55 ≤0.05 ≤0.45 0.2 – 0.45 ≤0.10 ≤0.15 Bal. 

Cubic L-PBF samples having sides of 15 mm were fabricated with an 

EOSINT M270 Dual Mode version employing the process parameters 

reported in [8] and repeated for clarity in Table 3.2. 

L-PBF samples were analysed both in the as built condition (AB) and after the 

stress relieving treatment (SR), i.e. an annealing performed at 300°C for 2h 

suggested by EOS to reduce the residual stresses arising during the process. 

Pellets of powders were produced by gentle pressing and used for CMC and 

MS. Induction melting was performed with the help of a susceptor 

surrounding the crucibles as described in sections 2.2.2 and 2.2.3. 

AlSi10Mg melt spun samples were obtained ejecting the molten alloy on a Cu 

wheel rotating at either 10 m/s or 15 m/s (MS-N10 and MS-N15 

respectively). 

Samples by CMC were obtained ejecting the melt into a conical mould having 

diameter varying from 5 mm to 1 mm (depicted in Fig. 2.5-a). 

Samples for micrographics observations were embedded in conductive resin, 

mechanically polished down to 40 nm and etched for 10 s using Keller’s 

solution (i.e. 2.5 ml of HNO3, 1.5 ml of HCl and 1 ml of HF in 95 ml of distilled 

water). Micrographs were acquired both at the optical and electron 
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microscope. Secondary electron imaging was carried out both in SEM and 

FESEM using a LEICA STEREO SCAN 420 and a ZEISS SUPRA TM 40 

respectively. 

Table 3.2 Process parameters employed to produce cubic samples of AlSi10Mg alloy 

[8]. 

Parameters Skin Core Contour 

Scan speed (v) [mm/s] 900 800 900 

Laser power (P) [W] 120 195 80 

Hatching distance (hd) [mm] 0.1 0.17 - 

Layer thickness [m] 30 30 - 

Laser spot size [mm] 0.10 0.10 0.10 

Temperature of the building 

platform [°C] 
100 100 100 

XRD measurements were performed in Bragg-Brentano configuration using 

a PANalytical X’Pert PRO diffractometer by Philips, using the K emission line 

of a Cu filament (𝜆𝐶𝑢 = 1.5418 Å). Patterns were acquired in the 2 range 

from 20° to 140° at a step of 0.0167°. L-PBF sample before and after the stress 

relieving treatment were analysed on the top (AM_AB top and AM_SR top), 

side (AM_AB side and AM_SR side) and inner surface after cutting and 

mechanical polishing (AM_AB in and AM_SR in). The CMC cone was analysed 

along its cross section and the MS ribbons were analysed on both air and 

wheel sides. For all samples, including a portion of the alloy cooled from 

660°C to room temperature at 3°C/min representing the solidification in near 

equilibrium condition, the face centred cubic (fcc) Al lattice parameter was 

computed with the coscot method. 

Thermal analyses were carried on a TA Q100 Differential Scanning 

Calorimeter in the temperature range from 50°C to 450°C at the heating rate 

of 5 and 20°C/min equilibrating the heat flux at both temperatures to 

investigate the precipitation sequence. Investigation of melting and 

solidification of the alloy was conducted in the temperature range from 50°C 

to 660°C at a heating rate of 20°C/min. 



49 
 

3.2. Results 

3.2.1. Comparison of results obtained with the different 
techniques 

The micrographs of the microstructures obtained in AlSi10Mg samples 

produced by means of different rapid solidification techniques are reported 

in Fig. 3.1. CMC samples were analysed after sectioning the cone along its 

principal axis. A thin area, smaller than 1 m, near the outer surface of the 

cone appears to be almost featureless. This can be understood considering 

the fast rate of solidification occurring when the molten alloy is directly in 

contact with the Cu mould. Then, -Al cells and columns are seen, 

surrounded by fibrous eutectic (Fig. 3.1-a). Their size increases from 1 to 

more than 5 m from the tip to the base and from the outer surface to the 

core of the cone (Fig. 3.1-b). 

It is well known, [176], that the microstructure of melt spun ribbons varies 

from the wheel side to the air side (Fig. 3.1-c). Here, the microstructure starts 

almost featureless at the wheel side, becoming then primary plus eutectic 

with subdivided fine Si particles and ending at the air side as primary Al cells 

surrounded by fibrous eutectic. The length scale of the cells observed along 

all the ribbon thickness is finer with respect to those observed in CMC 

samples, being of approximately 1-2 m (Fig. 3.1-d). 

As widely reported in literature [16,19,74,76,177], the microstructure of the 

L-PBF as built AlSi10Mg part has a transition from a very fine 

cellular-dendritic structure to a coarser dendritic structure going from the 

centre to the border of the melt pools. This is clearly visible in Fig. 3.1-e, 

where the primary Al cells are surrounded by fibrous Si eutectic and change 

in size because of the heat flux generated during subsequent laser scans. 

Looking across a melt pool, three areas can be recognized: a finer 

microstructure in the centre (mpc), a coarser cellular microstructure in the 

transition zone from the centre of the melt pool to its border (mpb), and 

coarser Si particles in the heat affected zone around the melt pool in the layer 

previously deposited (haz). 
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Fig. 3.1 Micrographs of AlSi10Mg samples obtained by: CMC both on the surface of 

the cone (a) and in the core (b), MS_N10 at low (c) and high magnification (d), 

AM_AB at low and high magnification (f) and AM_SR at low (g) and high 

magnification (h). The white arrows indicate the building direction in the L-PBF 

process. For comparison an image of the equilibrium microstructure of the 

AlSi10Mg alloy is reported in Fig. 2.2. 
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The cellular-dendritic structure is to some extent columnar along the building 

direction following the path of heat subtraction via the substrate 

[9,19,89,178]. As evident in Fig. 3.1-f, the cells contain occasional Si particles 

(white contrast) and voids of the same size (dark grey contrast) at points 

where Si particles were removed by etching. 

From the set of images, it is apparent that the amount of Al-Si eutectic differs 

among various samples. Its percentage was determined by careful image 

analysis and averaging the results obtained from more than 10 micrographs 

taken at different magnification. The results obtained are compared with the 

expected equilibrium value calculated using the lever rule in Table 3.3. 

Table 3.3 Percentage of Al-Si eutectic in samples obtained by means of different 

rapid solidification techniques. The percentage was evaluated in the core of the 

sample for CMC, at the air side for MS ribbons and across the whole sample for 

AM_AB. 

Sample Eutectic percentage 

Equilibrium (Phase Diagram) 75% 

CMC 34 ± 5% 

MS (average MS_N10 and MS_N15) 20 ± 1% 

AM_AB 17 ± 2% 

It is underlined that the microstructure changes when process parameters 

are modified, since the final result depends on the parameters defining the 

strategy for the L-PBF process which results in varied temperature gradient, 

solidification and cooling rate. Therefore, the results reported here on the 

amount of eutectic are quantitatively valid only for the processing 

parameters and instrumentation employed to produce the present samples. 

However, the methodology employed in this work appears well applicable to 

other sets of parameters. 

After annealing for 2h at 300°C for stress relieving samples produced by 

means of AM, Si particles become coarser and precipitation of new Si 

particles inside the primary phase occurs, Fig. 3.1-h. Moreover, the heat 

treatment has a homogenizing effect on the size of Si particles in the matrix, 

Fig. 3.1-g. 
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The progressive refinement of the microstructural features with increasing 

cooling rate is apparent in Fig. 3.1 both from the reduction of the primary Al 

cells size and the modification of the eutectic from plate-like, characteristic 

of the equilibrium solidification, to fibrous morphology. In CMC, even if a 

consistent refinement in the microstructure occurred from the base to the 

tip of the cone, the microstructure reported in Fig. 3.1-a and Fig. 3.1-b is 

coarser with respect to that obtained with other production routes and part 

of the eutectic is still lamellar. Full modification of the eutectic occurs both 

with MS and L-PBF. The portion of MS samples having eutectic morphology 

(Fig. 3.1-d) is similar to that produced by L-PBF, however, primary Al cells are 

larger. 

Samples produced by MS show a peculiar gradient in microstructure from an 

apparently homogeneous solid solution on the wheel side to a cellular 

dendritic structure surrounded by Si eutectic on the air side (Fig. 3.1-c). The 

formation of a homogeneous solid solution without solute partitioning 

indicates the solidification occurred below the 𝑇0  temperature, i.e. the 

temperature at which the free energies of the liquid and crystalline solutions 

are equal. The transition from partitionless primary to primary plus eutectic 

solidification gives clear evidence of the decrease in the solidification front 

velocity across the ribbon thickness which accompanies the local decrease in 

cooling rate [99,103]. This is brought about by two events: 

i. the formation of a layer of solid solution causes release of latent heat 

with associated recalescence; 

ii. the heat extraction through the quenching medium ceases when the 

ribbon is detached from it, therefore, cooling by convection and 

radiation to the surrounding atmosphere occurs. 

In the samples produced by L-PBF with the present set of processing 

parameters, the microstructure is made of fine primary Al cells surrounded 

by Si eutectic (Fig. 3.1-e). The cells are elongated in the areas at the edge of 

the melt pool which underwent repeated fusion in the subsequent laser 

scans. Since in these samples there is no evidence of formation of a 

homogeneous solid solution alone, it is inferred that solidification has 

occurred above the 𝑇0  temperature. The pre-existing Al-rich crystals are 
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heterogeneous nuclei upon which cells grow in condition of constitutional 

supercooling [9] leaving between them a Si-enriched melt which gives rise to 

the eutectic. The energy injected by the laser beam and the heat released 

upon solidification is continuously and effectively dissipated by conduction 

in the cool support and built objects, as suggested by the steady distribution 

of cell size and eutectic amount in the whole sample at variance to the 

solidification morphology of the melt spun ribbons. 

The fraction of Al primary phase with respect to the eutectic changes 

substantially in samples produced by means of different rapid solidification 

techniques as quantified in [179], where increasing eutectic fraction from 20 

to 60% were measured in atomized powders of size ranging from 10 to 

100 m. The eutectic fraction is always lower than the expected quantity 

computed by using the lever rule on the equilibrium Al-Si phase diagram. The 

Al-Si system has a skewed coupled zone for the eutectic with increasing 

growth rate [100] entailing the increase in supersaturation of Si in the 

primary Al. This occurs especially in L-PBF samples due to the high cooling 

rates achieved in solidification [2,64,74,81,180]. 

The primary cells as well as the featureless zone of the melt spun ribbons 

contain clear evidence of the presence of precipitated Si (Fig. 3.1-d and       

Fig. 3.1-f). It is deduced that it was produced in the solid state because of 

self-annealing caused by dissipation of latent heat of solidification. 

Coarsening of Si particles and precipitation of new ones inside the primary 

phase occur by heat treatment along with homogenization of the 

microstructure (Fig. 3.1-g and Fig. 3.1-h) in agreement with the literature 

[9,16,79]. 

Overall, the microstructure produced in AM is unique, differing from those 

obtained with established rapid solid solidification techniques. This results 

from the distinctive action of adding material track after track and layer after 

layer together with the fast and directional cooling rates obtained in this 

process also in the solid state. 

Face centred cubic Al and diamond cubic Si phases were identified in XRD 

patterns of all samples. Occasionally, minor reflections of Al2O3 were found, 

i.e. the oxide produced by coalescence into fine particles of the surface skin 

of the starting powder particles and, possibly, some oxidation occurring in 
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the building chamber in spite of the protective atmosphere. Fcc Al reflections 

are always sharp, indicating the presence of large crystallites. Limited 

evidence of preferred orientation of crystals could be noticed for samples 

produced by means of CMC and L-PBF by measuring the X-ray line intensity, 

indicating that, even if columns can be seen in these samples, they are not 

predominant in the microstructure. The absence of textures in the L-PBF 

samples is related to the scanning strategy adopted [19], since in other works 

substantial texturing has been reported [17]. On the air side of samples 

produced by MS the patterns show preferential orientation on the (111) 

plane and to a lesser extent the (220) plane, while the wheel side show 

textures on the (200) plane and to a lesser extent the (311) plane. 

Together with the microstructural features reported in Fig. 3.1, these 

findings confirm the long-standing view that structural inhomogeneities 

occur in melt spun Al-Si alloys [91,95] in relation with local differences in heat 

subtraction. 

The intensities of diamond cubic Si reflections are low with respect to those 

of fcc Al in all samples, in Fig. 3.2 are reported the XRD patterns of the AM_AB 

and AM_SR samples as an example. Moreover, the higher is the cooling rate 

the broader and lower are the reflections pointing to increased 

supersaturation and reduced crystallite size. After annealing, Si reflections 

increase in intensity and become sharper (Fig. 3.2-a) [9,176]. Patterns of the 

L-PBF samples (AM_AB), taken on various surfaces, show enlargements of 

the (222) and (420) reflections with respect to the (311) and (331) reflections 

occurring at close angles, respectively (Fig. 3.2-b and Fig. 3.2-c). This result 

indicates localized strain along those directions possibly caused by solute 

clusters. 

The lattice parameters of the Al-rich phase are reported in (Fig. 3.3). 

All rapidly solidified samples have smaller lattice parameter with respect to 

that solidified in equilibrium (dashed line in Fig. 3.3). The lattice constant of 

the Al phase in ribbons is lower for the wheel side with respect to the air side. 

After stress relieving, all lattice parameters approach the equilibrium value. 

The reflections of fcc Al and diamond cubic Si in XRD patterns (Fig. 3.2-a) are 

now employed as a tool for the interpretation of the events occurring during 

solidification. 
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The intensity of Si reflections decreases on increasing the cooling rate 

because of Si supersaturation in the primary phase (Fig. 3.2-b). 

Within the scatter of results due to the limited number of reflections 

detectable, the lattice constant corresponds to that of elemental Si. The 

broadening, much evident in the L-PBF and MS samples, relates to the fine 

scattering domains present in the Si particles after rapid solidification. 

The lattice parameter of the Al primary phase (Fig. 3.3) testifies the varied 

quantity of solute Si. The reference lattice parameter is that of the 

Fig. 3.2 XRD patterns of AlSi10Mg samples produced by L-PBF before (AM_AB) and 

after stress relieving (AM_SR), (a). Detail of the (220) and (311) Si reflections, (b). 

Detail of the (331) and (420) Al reflections, (c). 
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equilibrium AlSi10Mg alloy, 0.40515 ±  0.00003 𝑛𝑚 , consistently larger 

with respect to that of pure Al, 0.40494 𝑛𝑚 [181]. Considering that solute Si 

and Fe decrease [181,182] while Mg increases the lattice parameter of Al 

[181,183], the increment of the equilibrium lattice parameter must be 

related to the presence of solute Mg in the Al phase. Si and Fe are contained 

in the eutectic and minority compounds. For all samples produced by means 

of rapid solidification, the decrement in lattice parameter indicates the 

excess Si is trapped inside the primary Al [16]. The lattice parameter of 

AM_AB is the lowest, confirming the high supersaturation of Si already 

suggested by the results on the percentage of eutectic. It is worth noticing 

that the lattice parameter corresponding to the top surface of the sample is 

the lowest of all. This is understood by considering that the last layer is not 

affected by further scans, while the layers underneath which are accessed 

when analysing the other surfaces are re-solidified several times. The lattice 

parameter calculated for the sample produced by L-PBF and subjected to 

stress relieving treatment are in accordance with what obtained for the 

sample solidified in equilibrium condition, indicating the complete 

precipitation of Si from the Al primary phase. It is interesting to notice that 

the lattice parameters of melt spun ribbons are slightly lower for the wheel 

Fig. 3.3 Comparison of the Al lattice parameter of the samples analysed in the 

present work. The dashed line corresponds to the reference valuefor an equilibrated 

alloy. 
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side with respect to the air side but higher with respect to that of the CMC 

sample, opposite to what expecting considering the cooling rate typically 

reached with the two techniques. This trend clearly differs from that of the 

eutectic fraction in the microstructures. The two set of data can be reconciled 

by considering that the microstructures seen in Fig. 3.1 are the outcome of 

the solidification processes, whereas the XRD patterns refer to the crystal 

structure in samples cooled to room temperature. The as solidified CMC and 

L-PBF samples remain in contact either with the quenching medium or a cool 

portion of the same alloy down to low temperature: i.e. with a heat sink of 

high thermal conductivity which extracts heat continuously. On the other 

hand, in MS an initial fast heat exchange occurs when the molten alloy 

impinges onto the rotating Cu wheel, then the ribbon detaches from the 

wheel and the release of latent heat gives rise to recalescence, resulting in 

precipitation of Si which decrease the level of supersaturation. The 

occurrence of sharp XRD reflections of Si in patterns taken on the wheel side 

of ribbons support this reasoning. 

The lattice parameter of the starting atomized powder which contain a 

mixture of primary cells and fibrous eutectic, is also low. Although the 

occurrence of recalescence phenomena was reported in powders as well 

[179], the average size of the powder particles is 3-4 m, about one order of 

magnitude less than the thickness of ribbons, therefore, the average cooling 

Fig. 3.4 DSC traces showing precipitation signals for samples produced by CMC, MS 

(MS_N10) and L-PBF (AM_AB). 
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rate of small particles in gas atomization can be faster than the average 

cooling rate during MS. 

Vegard’s law was employed to evaluate the amount of Si dissolved in the fcc 

Al, 𝑥𝑆𝑖  [94]: 

𝑎 = −0.0174𝑥𝑆𝑖 + 0.40515 

The average concentration of solute Si resulted to be approximately 1 at% in 

MS samples, 2 at% in CMC samples and 4 at% in L-PBF samples. 

DSC signals obtained at the scanning rate of 20°C/min for cast, melt spun and 

L-PBF samples are reported in Fig. 3.4 and the relevant temperatures for all 

signals in Fig. 3.5. 

Exothermic signals are obtained in each case, the first one being more 

intense. The first peak of the as built L-PBF sample is centred at 

approximately 200°C, a second one at 317°C and a third one, seen as a 

shoulder on the previous signal, at 340°C. The signal at 317°C is present only 

in the sample produced by means of L-PBF. For the CMC and MS samples the 

first peak occurs at higher temperature, while the peak at 340°C is invariant 

Fig. 3.5 Comparison of the precipitation temperatures in samples produced by 

means of different rapid solidification techniques (heating rate of 20°C/min). 

Pentagons (green) represent the onset temperature for the precipitation of Si; 

squares (black) the maximum of the Si precipitation signal; triangles (red) the 

maximum of the Mg2Si precipitation signal and circles (blue) the maximum of the 

precipitation signal related to impurities. 
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in temperature. The onset and peak temperatures of the first signal rank in 

the sequence MS > CMC > L-PBF. 

The enthalpy released in the first DSC signal changes with processing route: 

it decreases from 33 ± 9 J/g in L-PBF to 26 ± 2 J/g in CMC and 17 ± 2 J/g in MS 

samples. The total enthalpy released in the other minor signals of the L-PBF 

samples is of the order of 8 ± 4 J/g. The high temperature signal for CMC and 

MS samples provides 1-2 J/g. Since the amount of enthalpy released for the 

first precipitation signal by the samples produced by CMC and MS has less 

scatter with respect to that of L-PBF samples, the reproducibility of the L-PBF 

samples was verified by performing several measurements at 20°C/min with 

samples produced using the same process parameters in different runs and 

employing different batches of powder. The resulting thermograms, 

reported in Fig. 3.5, show differences both among different jobs and parts of 

the same sample. 

However, all of them have three precipitation signals at around 200°C, 317°C 

and 340°C. The onset temperatures and heats for precipitation signals are 

reported in Table 3.4. 

Fig. 3.6 Thermograms of samples produced by SLM during different jobs and 

employing different batches of powder but the same process parameters. 
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Table 3.4 Temperatures and heats obtained from the DSC thermograms of Fig. 3.5. 

Job 

Onset 

peak 1 

[°C] 

Maximum 

peak 1 [°C] 

ΔH peak 1 

[J/g] 

Onset 

peak 2 [°C] 

Maximum 

peak 2 

[°C] 

ΔH peak 

2 [J/g] 

Job 1a 166 232 23 284 317 6 

Job 1b 156 215 44 271 317 15 

Job 1c 155 211 41 272 321 14 

Job 2a 164 222 35 281 320 10 

Job 2b 162 217 37 278 316 12 

Job 3a 169 232 25 296 318 5 

Job 3b 169 226 27 292 318 5 

The first DSC peak, given by all samples, is attributed to the precipitation of 

supersaturated Si from the primary phase, also in view of the numerous 

literature findings [81,97,184]. To enforce this, it is noted that a melt spun 

ribbon produced from an AlSi10 master alloy not containing Mg gave the 

same precipitation signal. For quantitative discussion of the heat effect, the 

thermodynamics of the Al-Si system is considered as recently assessed [185]. 

Fig. 3.7 reports the enthalpy of mixing Si to Al in the fcc structure and the 

enthalpy of the equilibrium phase mixture (fcc Al and diamond cubic Si). It 

turns out that the maximum amount of heat that can be released by 

precipitation of Si from a fully supersaturated alloy containing 10wt% Si is 

85 J/g. This value is larger than those of the precipitation enthalpy obtained 

for the first signal of the present samples, confirming that only a portion of 

Si was retained in solution. The heat release data concur with lattice 

parameters results in indicating that the average concentration of solute Si 

in Al amounts to 1 at% in MS ribbons, 2 at% in the CMC sample and 4 at% in 

the L-PBF built. 

These values are indicative of the general outcome from the diverse 

solidification processes, although in the samples there might be differences 

in Si content in neighbouring zones. Remembering that the solubility of Si is 

1.8 at% at the eutectic temperature [185], it is confirmed that precipitation 
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in the solid state soon after solidification takes place in the ribbon, but not in 

the CMC sample, whereas the L-PBF built is more supersaturated. 

Since it has been demonstrated that the Si precipitated already in all samples, 

at least partially, it is deduced that nucleation of crystals must have occurred, 

and the heat release is mostly due to the growth by diffusion. The 

temperature shift can be attributed to two phenomena which can favour Si 

diffusion: 

i. excess Si solute [93], 

ii. excess vacancies inside the Al matrix [184,186], 

both due to the rapid solidification processing. 

The variations in temperature and heat, detectable although limited            

(Fig. 3.5), for different part of the L-PBF samples and different jobs depend 

on inhomogeneity in the microstructure of as built samples. This is because 

of inherent fluctuations in powder layer deposition and scanning mode for 

the skin, the contour and the core. Also, different batches of powder can 

have different impurity levels. Therefore, although within the general 

framework just outlined, a certain variability in the results is unavoidable. 

Fig. 3.7 Enthalpy of mixing (bold curve) and of precipitation (red line) for an Al-10%Si 

alloy at 25°C (298 K). The dashed line gives the reference state of the mechanical 

mixture of fcc Al and diamond cubic Si. 
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These results, however, show that DSC can be considered a very sensitive 

tool for understanding the local level of supersaturation present in the 

samples and could help in evaluating the reproducibility of the AM process 

of Al-Si alloys. 

Turning now to discuss the origin of the second DSC signal occurring at 317°C 

in the samples produced by L-PBF, it is noted that Mg2Si is a likely precipitate 

in AlSi10Mg. Considering the enthalpy of formation of Mg2Si [187], the 

maximum amount of heat releasable by 1g of an alloy containing 0.35wt% 

Mg is 8 J/g, i.e. a quantity of the same order of magnitude as the heat 

measured for the precipitation of Mg2Si from the primary phase still 

supersaturated in Mg. This signal is absent in the DSC traces provided by the 

samples produced by CMC and MS, in spite of the evidence of the presence 

of Mg deduced from the values of lattice parameters after annealing. It is 

likely that the solute Mg in these samples corresponds to the equilibrium 

amount expected in the ternary Al-Mg-Si phase diagram [188,189]. The 

second DSC peak of the L-PBF samples cannot be separated from the minor 

one, which is found in all other samples as well. Its enthalpy contribution is 

limited, probably related to the formation of another precipitate containing 

impurity elements, e.g. Fe, present in the alloy. 

 

3.2.2. Calculation of the metastable phase diagram 

From results obtained, it is apparent that the increment in solidification rate 

gives origin to the reduction of the volume fraction of eutectic and in 

increased supersaturation of Si inside the cells of primary Al. To interpret the 

set of experimental findings, the model for dendritic growth under rapid 

solidification conditions developed by Kurz and Trivedi in [103] is applied to 

the Al-Si system. 

The model assumes liquidus and solidus to be linear and is valid for dilute 

solutions. 

According to this model the liquidus temperature is expressed as: 
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𝑇𝐿 = 𝑇𝑀 + 𝑚 (1 +
𝑘 − 𝑘𝑣 + 𝑘𝑣 ln

𝑘𝑣

𝑘
1 − 𝑘

)𝐶𝐿 −
2𝛤

𝑟
−

𝑉

𝜇𝑘
 

where 𝑇𝑀 is the melting temperature of the solvent element, 𝑚 the liquidus 

slope (𝑑𝑇𝐿/𝑑𝐶), 𝑘 the equilibrium distribution coefficient (𝑑𝐶𝑠/𝑑𝐶𝐿), with 𝐶𝑠 

and 𝐶𝐿 the solid and liquid composition respectively, 𝛤 the Gibbs-Thompson 

coefficient, 𝑟 the dendrite tip (or column, cell) radius, 𝑉 the rate of interface 

movement, 𝜇𝑘 the interface kinetic coefficient defined as 

𝜇𝑘 = 𝑉0

1 − 𝑘

𝑚
 

with 𝑉0  the limiting crystallization velocity of the order of the velocity of 

sound, and 𝑘𝑣  the non-equilibrium distribution coefficient defined by Aziz 

[190,191] as: 

𝑘𝑣 =
𝑘 + 𝑃𝑖

1 + 𝑃𝑖
 

where 𝑃𝑖, the interface Pèclet number for solute redistribution, is defined as 

𝑃𝑖 =
𝑎0𝑉

𝐷𝑖
 

with 𝑎0  representing the interface diffusion length and 𝐷𝑖  the interface 

diffusion coefficient. 𝑘𝑣 expresses the deviation from equilibrium conditions 

on fast solidification and approaches unity when the liquidus approaches the 

𝑇0  line. The physical constants reported in Table 3.5 were employed to 

perform the calculation. 

Table 3.5 Physical constants of the Al-Si system employed for the calculation. 

Physical constants employed in the calculation 

𝑻𝑴(Al) Melting temperature of Al 933 K [192] 

𝑻𝑴(Si) Melting temperature of Si 1687 K [192] 

𝜞𝑨𝒍 Gibbs-Thompson coefficient of Al 1.96·10-7 Km [100] 

𝜞𝑺𝒊 Gibbs-Thompson coefficient of Si 1.70·10-7 Km [100] 

𝒂𝟎 Interface diffusion length 1·10-9 m [100] 

𝑫𝒊(Al) Interface diffusion coefficient for Al 5.45·10-9 m2/s [193] 

𝑫𝒊(Si) Interface diffusion coefficient for Si 8.88·10-9 m2/s [191] 

𝑽𝟎 Limiting crystallization velocity 4879 m/s [194] 
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In the case of samples produced by L-PBF, the microstructural length scale, 

𝑅, of the primary phase varies about one order of magnitude in samples 

produced with different techniques. The growth velocities, however, are not 

known. 

Therefore, an inverse approach was used to calculate both liquidus and 

solidus curves for the Al-rich and Si-rich of the phase diagram starting from 

the known parameters. The aim is to draw a metastable phase diagram with 

approximate tie lines for the Al-Si system to match the eutectic percentage 

determined in each microstructure. 

The results of calculation are reported in Fig. 3.8 together with the 

equilibrium phase diagram and 𝑇0  curves determined according to the 

assessed Al-Si system (TCBIN Thermo-Calc®). 

Fig. 3.8 Equilibrium and approximate metastable phase diagram for Al-Si alloys. The 

dotted and the dot-dashed lines (light and dark red) in the picture represent 

respectively the T0 line calculated with CALPHAD and derived from the model. The 𝑇0 

line of the model is obtained by the linear approximation of the liquidus and finds 

good agreement with the CALPHAD one especially at low Si content. The dashed 

bands in colour, blue for CMC and green for L-PBF respectively, were obtained for 

ranges of solidification velocities compatible with the percentage of eutectic 

observed in microscopy. The vertical red line represents the composition of the AlSi10 

alloy. 
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The metastable eutectic shifts to higher Si content when the growth velocity 

and the corresponding cooling rate are increased from the quasi-equilibrium 

condition to those occurring in CMC and L-PBF. 

For each technique, a range of growth rates was assumed in order to 

reproduce the findings on the respective percentage of eutectic. The results 

of the calculations show that the rate of interface movement for the L-PBF 

samples should be comprised between 0.66 and 1.025 m/s. Despite the 

approximations outlined above, it is remarkable that these growth rates 

reproduce those found experimentally by recording the interface 

displacement in Al-Si thin films imaged in TEM during solidification after laser 

melting [195]. 

The band for the highest growth rates in Fig. 3.8 intersects the 𝑇0 line of the 

Al-rich solid solution representing the initial stage of solidification found in 

MS and CMC samples. For the L-PBF process, the presence of fcc Al crystals 

as substrate causes fast growth of the primary phase, in epitaxial fashion 

[17]. 

Si rejection brings the local composition of the melt to the eutectic which is 

incorporated into the primary phase. Re-nucleation may then occur at 

heterogeneous sites. 
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3.3. Conclusions 

In this first part of the thesis, the correlation between the microstructure, 

the phase constitution and the thermal behaviour of AlSi10Mg samples 

produced by means of different rapid solidification techniques was 

established. The cooling rate, i.e. velocity of the solidification front, 

determines the morphology and size of the microstructural features. In CMC 

and MS samples, a thin featureless zone indicates that the initiation of 

solidification occurred below the 𝑇0  line. With the subsequent increase in 

temperature due to recalescence, the microstructure become mixed, 

primary plus eutectic. 

There is progressive change of the morphology of eutectic Si from dispersed 

particles to fibrous and lamellar network. The microstructure is more refined 

in MS with respect to CMC samples and even more in L-PBF parts, which are 

entirely made of cells or columns of primary Al and fibrous Si eutectic. 

Together with the change of eutectic morphology, a clear increase in eutectic 

fraction is found in the order L-PBF > MS (air side) > CMC > master alloy. The 

decrement of the Al lattice parameter when changing processing technique 

gives a measure of the extension of solid solubility of Si in the primary phase. 

The lattice parameter decreases in the sequence: master alloy or annealed 

samples > MS (all sides) > CMC > L-PBF. The surprising amount of solute Si in 

CMC samples, corresponding approximately to the solubility at the eutectic 

temperature, is understood by considering the fast cooling in the solid state 

after solidification provided by the continuous contact of the sample with the 

heat sink. This is also the reason for the extension of solubility in L-PBF parts, 

where the melt pool is in direct contact with the previously solidified 

material. Accordingly, the low solute content in MS samples must be due to 

decrease in cooling rate and the consequent self-heating of the ribbon 

because of recalescence after detaching from the quenching wheel. DSC 

analysis provided evidence of precipitation of excess solutes in the 

temperature range from approximately 150 to 350°C (heating rate 

20°C/min). The first and main DSC peaks is due to Si precipitation, for which 

a correlation between the level of extended solid solubility and the onset 

temperature of the signal was evidenced: the lower is the temperature the 
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higher is the amount of released enthalpy. Thermodynamic analysis of the 

Al-Si system confirmed that the released enthalpy corresponds to the level 

of supersaturation reached in the samples produced by means of different 

processing routes. Further exothermic signals are attributed to the 

precipitation of Mg2Si (signal detected only for L-PBF samples around 317°C, 

since probably the cooling condition allow the Mg to reach equilibrium in 

CMC and MS samples) and possibly Fe-containing intermetallics around 

340°C. The ensemble of results on eutectic fraction and solubility are 

interpreted by applying a current model of cellular/dendritic solidification 

[103], which implies the progressive narrowing of the distance between 

liquidus and solidus lines in the phase diagram as a function of the 

solidification front velocity. Approximated metastable phase diagrams for 

the front velocities in between 0.5 and 1 m/s reproduce the eutectic fractions 

found in experiments. Remarkably, these correspond to those directly 

measured recently [195] by observing the movement of the primary 

solidification front in Al-Si. 
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4. Part II: Modification of the AlSi10Mg alloy 

4.1. Experimental procedure 

4.1.1. Samples preparation of AlSi10Mg modified with 
hardeners 

Samples modified with hardeners were produced mechanically mixing 

AlSi10Mg, Ag and high purity Cu gas atomized powders provided respectively 

by EOS GmbH, Topcast and Sandvik Osprey LTD (certificate 22844). The 

chemical composition of the AlSi10Mg powder recalculated after mixture is 

reported in Table 4.1. 

Table 4.1 Chemical composition of AlSi10Mg EOS powder and recalculated after 

addition of 0.5wt% of Ag and 4wt% of Cu. All quantities are reported in wt%. 

Alloy Si Fe Cu Ag Mn Mg Zn Ti Al 

AlSi10Mg 9-11 ≤0.55 ≤0.05 - ≤0.45 
0.2-

0.45 
≤0.10 ≤0.15 Bal. 

AlSi10Mg+Ag 
8.96-

10.95 
≤0.55 ≤0.05 0.5 ≤0.45 

0.2-

0.45 
≤0.10 ≤0.15 Bal. 

AlSi10Mg+Cu 
8.65-

10.58 
≤0.53 4 - ≤0.43 

0.19-

0.43 
≤0.10 ≤0.14 Bal. 

To verify characteristics and processability of the compositions selected for 

AM applications, samples were produced both by MS and SST. Melt spun 

samples were produced ejecting the molten alloy onto a Cu wheel rotating 

at 10 m/s. SSTs were produced with an EOSINT M270 Dual Mode version 

adjusting the process window starting from the process parameters already 

employed to produce AlSi10Mg samples as recently reported in [196,197]. 

MS ribbons were then characterized and results, when possible, were 

compared with what obtained from SSTs. 

For microscopy samples were embedded in resin, mechanically polished and 

etched using a 0.5% HF solution (5s) for MS ribbons and diluted Keller 

solution (20% Keller and 80% distilled H2O for 10s) for SSTs. A ZEISS SUPRA 

TM 40 FESEM was employed to get secondary electron imaging and perform 

compositional analysis. The eutectic fraction was evaluated by careful image 
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analysis using the software Image J. Electron Back Scattered Diffraction 

(EBSD) maps were acquired at the Erich Schmid Institute of Materials Science 

(Austrian Academy of Sciences) in Leoben using a FESEM Zeiss Gemini 1525 

possessing an EBSD detector (e‐FlashFS) from Bruker. 

XRD measurements were conducted with a PANalytical X’Pert PRO 

diffractometer by Philips in Bragg-Brentano configuration with the 

K emission line of a Cu filament (𝜆𝐶𝑢 = 1.5418 Å). Patterns were acquired 

in the 2 range from 20° to 140° at steps of 0.0167°. The lattice parameter of 

the face centred cubic (fcc) Al was calculated from the patterns with the 

coscot method. 

A TA Q100 DSC was used to characterize the thermal properties of the 

samples. Measurements were conducted at a heating rate of 20°C/min in a 

temperature range from 50 to 450°C, equilibrating the heat flux for 15 

minutes at each temperature. Scans were also performed up to 660°C and 

back at the same heating rate in alumina crucibles to monitor the alloy 

melting and solidification. 

Nano-indentation tests were conducted with a Triboindenter 950 (TI950) 

equipped with a Berkovich tip. For MS ribbons, indentation was performed 

every 4 m on a grid having width of 40 m and variable length according to 

the specimen thickness. Grids on SSTs were performed covering completely 

the melt pool spacing the indentation marks of 7.5 m one from each other. 

For all samples the load velocity was 100 N/s, maximum load was fixed to 

2.5 mN and kept for 5s. Load charge and discharge was done at the same 

velocity. 

A bulk platelet (10𝑥10𝑥4.5 𝑚𝑚) of the Cu modified alloy was produced by 

L-PBF and characterized to verify if MS and SST can simulate the properties 

of samples produced by means of AM. The platelet was produced with an 

EOSINT M270 Dual Mode version employing the process parameters 

optimized for SSTs and reported in Table 4.2. 

Characterization of the platelet was performed following the same 

procedure already described for MS and SST samples. For microscopy the 

sample, embedded in conductive resin and polished, was etched with diluted 

Keller solution along the XZ section. Nano-indentation tests on the XZ section 

of the L-PBF platelet were performed increasing the load to 250 N/s up to a 
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maximum load of 2.5 mN for 5s and then decreased at the same rate on a 

grid having 384 indentations (4 along X and 96 along Z) distant 10 m one 

from each other. Vickers microindentation measurements were performed 

with a Buehler Micromet 2101 applying a force of 300g for 20s. For each 

sample results of at least 10 indentations were averaged. 

Table 4.2 Process parameters employed to produce the AlSi10Mg+Cu platelet. 

Process Parameters 

Scan speed [mm/s] 700 

Laser power [W] 180 

Hatching distance [mm] 0.14 

Layer thickness [m] 30 

Laser spot size [mm] 0.10 

 

4.1.2. Samples preparation of AlSi10Mg modified with 

inoculants 

Samples modified with inoculants were produced in different ways according 

to the form of the inoculant element. The inoculants selected for the 

modification of the eutectic were Erbium (Er), nano-TiB2 and Strontium (Sr). 

0.3wt% Er was added in the AlSi10Mg powder in form of Al3Er gas atomized 

powder (provided by Nanoval GmbH) and the composition was homogenized 

mechanically mixing the two powders. 0.1wt% nano-TiB2 was added in form 

of powder mechanically mixing the AlSi10Mg alloy provided by EOS GmbH 

with the nano-TiB2 provided by US Research Nanomaterials, Inc. The master 

alloy modified with Sr, instead, was produced by arc melting. The first step in 

the dilution of the AlSi10Mg alloy was the production of an Al10Sr alloy 

starting from chemically pure Al and chemically pure Sr. This alloy was then 

mixed in arc melting with the AlSi10Mg powder, gently pressed to form 

pellets, to obtain the desired amount of Sr, 0.1wt%. 

All the mixtures were employed to produce samples by MS by ejecting the 

molten alloy onto a Cu wheel rotating at 10 m/s. 

For microscopy samples were embedded in resin, mechanically polished and 

etched using a 0.5% HF solution (5s). A ZEISS SUPRA TM 40 was employed to 
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get secondary electron imaging. The eutectic fraction and the dimension of 

both Al cells and Si particles were evaluated by careful image analysis using 

the software Image J. 

XRD measurements were conducted with a PANalytical X’Pert PRO 

diffractometer by Philips in Bragg-Brentano configuration with the 

K emission line of a Cu filament (𝜆𝐶𝑢 = 1.5418 Å). Patterns were acquired 

in the 2 range from 20° to 140° at steps of 0.0167°. The lattice parameter of 

the fcc Al was calculated from the patterns with the coscot method. 

A TA Q100 DSC was used to characterize the thermal properties of the 

samples. Measurements were conducted at a heating rate of 20°C/min in a 

temperature range from 50 to 450°C equilibrating the heat flux for 15 

minutes at each temperature. Scans were also performed up to 700°C and 

back at the same heating rate in alumina crucibles to monitor the alloy 

melting and solidification. 

Nano-indentation tests were conducted with a Triboindenter 950 (TI950) 

equipped with a Berkovich tip. For MS ribbons indentation was performed 

every 4 m on a grid having width of 40 m and variable length according to 

the specimen thickness. Load velocity was 100 N/s, maximum load was 

fixed to 2.5 mN and kept for 5s. Load charge and discharge was done at the 

same velocity. 
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4.2. Results 

4.2.1. AlSi10Mg+hardeners 

4.2.1.1. Melt spun ribbons 

Microstructures of the cross section of the unmodified and Cu and Ag 

containing ribbons are reported in Fig. 4.1 along with EBSD maps acquired 

across the whole ribbon thickness. 

Both unmodified and modified ribbons display a microstructure made of 

primary Al cells surrounded by fibrous eutectic, as already observed in 

chapter 3 for the unmodified alloy, indicating that the presence of Ag and Cu 

in this amount (0.5wt% and 4wt% respectively) does not alter significantly 

the microstructural features characteristic of the AlSi10Mg alloy processed 

by MS. 

Also the microstructure of the modified ribbons shows changes from the 

wheel side, top of Fig. 4.1, where it is almost featureless for a few microns, 

becoming then primary plus eutectic with separated Si particles and ending 

on the air side, bottom of Fig. 4.1, with coarser cellular plus fibrous eutectic 

microstructure. 

EBSD maps were acquired to get a better insight on the spatial and 

crystallographic orientation of Al grains along the cross section of ribbons. 

Fig. 4.1 FESEM micrographs and EBSD maps of melt spun ribbons made of AlSi10Mg, 

AlSi10Mg+Cu and AlSi10Mg+Ag alloys. 
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Results obtained suggest that no specific crystallographic orientation is 

present in the ribbons, however, show that there is a difference in the spatial 

orientation of Al grains and consequently in solidification when moving from 

the wheel side to the air side of the ribbons. In fact, in all ribbons EBSD maps 

show a transition from columnar Al grains at the wheel side to equiaxic Al 

grains at the air side. This suggests that, during the first stages of 

solidification, the subtraction of heat occurs through the Cu wheel of the MS 

apparatus; while, once the ribbon detaches from the Cu wheel, recalescence 

takes place modifying the solidification conditions and leading to the 

formation of equiaxic grains. In all ribbons, columnar grains were observed 

to be tens of microns long, while equiaxic grains were found to have 

diameters of approximately 5 m. In all samples the dimensions of the grains 

detected by EBSD were found to be consistently larger with respect to the 

dimension of the cells of primary phase observed in the ribbons, having a 

average diameter of approximately 1.5 m, confirming that each grain 

contains several cells of primary phase surrounded by fibrous eutectic. 

As previously demonstrated (chapter 3), the amount of primary phase with 

respect to the eutectic changes substantially in samples produced by means 

of different rapid solidification techniques. The fraction of eutectic observed 

in the micrographs of the modified ribbons was calculated and compared 

with that obtained for the AlSi10Mg alloy. The results, reported in Table 4.3, 

show that, as expected, in all samples the amount of eutectic is consistently 

lower than the quantity expected from the application of the lever rule on 

the equilibrium Al-Si phase diagram, suggesting the presence of Si 

supersaturation. 

Table 4.3 Al-Si eutectic percentage calculated through image analysis in AlSi10Mg 

samples without and with Ag and Cu additions. 

Sample Eutectic percentage 

AlSi10Mg 20 ± 2% 

AlSi10Mg+Ag 21 ± 5% 

AlSi10Mg+Cu 30 ± 5% 

In detail, the sample containing Ag shows a eutectic percentage comparable 

to that observed for the AlSi10Mg ribbon without additions, while the sample 
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containing Cu displays more eutectic with respect to the other two. The 

presence of Ag was found not to alter the eutectic fraction of the ribbon, 

because according to the ternary phase diagram at this composition all the 

Ag is solubilized in the Al matrix. The increased percentage of eutectic 

observed in the sample containing Cu, was explained considering that, even 

if at this concentration the alloy is not in the condition to form a ternary 

eutectic [198], during the rapid solidification process the Cu is rejected from 

the primary phase and starts forming intermetallics with Al, enlarging the 

perception of the eutectic observed. 

XRD measurements, Fig. 4.2, confirm what suggested from the 

microstructural observation. 

The patterns related to AlSi10Mg and AlSi10Mg+Ag display only reflections 

related to fcc Al and diamond cubic Si; in the ribbon containing Cu, instead, 

apart from these two phases also reflections of the body centred tetragonal 

(bct)  phase (Al2Cu) were indexed. 

Fig. 4.2 XRD patterns of the AlSi10Mg (green), AlSi10Mg+Cu (yellow) and 

AlSi10Mg+Ag (red) along with Al, Si, and Al2Cu reflections. 
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The effect of Ag and Cu additions on the AlSi10Mg alloy was evaluated 

through Al lattice parameter calculation. The results obtained from both 

wheel side an air side of all the ribbons are reported in Fig. 4.3. 

All ribbons display a lattice parameter lower than the reference one, i.e. a 

piece of AlSi10Mg ribbon annealed for 2h at 300°C. Moreover, it was 

evidenced that Ag addition does not alter the lattice parameter of the 

AlSi10Mg alloy, while the Cu containing alloy lowers it. 

This result agrees with what reported in literature on the effect of Ag and Cu 

on the Al lattice parameter [181,183], where it is stated that Cu and Si 

supersaturation decreases the lattice parameter of Al, while Mg increases it 

and Ag leaves it approximately unchanged. All ribbons were found to display 

a slight difference in the value of lattice parameter from wheel to air side. 

This difference can probably be associated to a gradient in supersaturation, 

Fig. 4.3 Comparison of the lattice parameters measured both on the air side and on 

the wheel side of the unmodified (green), Cu containing (yellow) and Ag (red) 

containing ribbons. The suffix (GA) indicates that the measurements were performed 

in Grazing Angle condition so limiting the penetration of the X-rays to few microns. 
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expected when considering the heat profile across the sample thickness 

deriving from the varied solidification condition in melt spun ribbons. 

Assuming no ternary interaction and knowing the effect that each element 

solubilized in the Al has on its lattice parameter, it was possible to estimate 

the level of supersaturation by applying the Vegard’s law. In the alloy 

modified wit Ag, it is possible to attribute all the reduction in lattice 

parameter to Si due to the limited effect of Ag in modifying the Al cell. In the 

case of the alloy modified with Cu instead the reduction can be attributed 

both to Si (1.7410-4 nm/at%) and Cu (4.7710-4 nm/at%). 

Since in all alloys there are indications of supersaturation, alloys were 

analysed by means of DSC. A comparison of the DSC signals obtained for the 

three alloys is reported in Fig. 4.4. 

In all samples two exothermic signals were identified the first one being more 

intense. The temperatures at which these signals occur agrees with the 

precipitation sequence already determined for the AlSi10Mg alloy reported 

in chapter 3. 

Fig. 4.4 Comparison of the DSC traces showing the precipitation signals for the three 

alloys under study. In green is reported the precipitation trace of the AlSi10Mg alloy, 

in red the one related to the AlSi10Mg+Ag alloy and in yellow the track related to 

the AlSi10Mg+Cu alloy. 
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The signal at lower temperature was associated primarily to Si precipitation 

also for the modified alloys, while the signal at higher temperatures was 

always correlated to the presence of Mg and other impurities (e.g. Fe) in the 

alloys. Si precipitation signal occurs at different temperatures, while the 

signal associated to the minority compounds appears invariant in 

temperature. This is related to the different supersaturation levels that can 

be found in the different samples and to the diverse amount of excess 

vacancies quenched in the samples during the rapid solidification processing 

[93,184,186]. The enthalpy released in the first exothermal process for the 

different alloys is 17 ± 2 J/g in the AlSi10Mg ribbon, 13 ± 2 J/g in the 

AlSi10Mg+Ag ribbon and 25 ± 7 J/g in the AlSi10Mg+Cu ribbon. The 

enthalpies of unmodified and Ag containing alloys are in accordance, 

confirming that all the contribution to the first signal is related to Si 

precipitation [81,97,179]. The lower enthalpy associated to the sample 

containing Ag agrees with the higher onset temperature of the precipitation 

signal and is probably correlated to a lower Si supersaturation in the portion 

of sample analysed. The high enthalpy of precipitation observed in the Cu 

containing sample, instead, is probably related to the fact that, in the same 

temperature range of Si precipitation, it is possible to have also the 

precipitation of Al-Cu intermetallics from the supersaturated solid solution, 

[199]; therefore the DSC signal observed must account also for the formation 

of Al-Cu compounds. 

To verify the effectiveness of Ag and Cu addition in strengthening the 

AlSi10Mg alloy, nano-indentation tests were performed covering completely 

the cross section of the ribbons from wheel to air side. In Fig. 4.5 are reported 

the nanoindentation maps obtained for all alloys. 

From Fig. 4.5, it is evident that hardness values in all samples were 

homogeneous across all the ribbon. 

The average hardness values obtained for the three ribbons are 1.7 ± 0.2 GPa, 

2.4 ± 0.4 GPa and 1.5 ± 0.1 GPa respectively for the AlSi10Mg, the 
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AlSi10Mg+Cu and the AlSi10Mg+Ag alloys. So, as evident from the colour 

scale in Fig. 4.5, only the sample containing Cu leads to a consistent 

improvement in hardness, while Ag addition seems to be unable to provide 

strengthening at least in the as spun condition. 

 

4.2.1.2. Laser Single Scan Tracks 

In parallel to the characterization of melt spun samples, measurements were 

conducted also on Laser Single Scan Tracks. 

These were employed as a first step to determine the best process 

parameters for the production of bulk components through L-PBF, but were 

also characterized to evaluate if alloys processed under the laser beam 

provide results in accordance to what determined through MS. 

The microstructures of the cross sections of SSTs on both unmodified and 

modified alloys are reported in Fig. 4.6, along with the microstructural 

features observed on the air side of melt spun ribbons. 

As melt spun samples, melt pools display a microstructure made of cells of 

primary phase surrounded by fibrous eutectic. In SSTs the microstructure is 

not homogeneous, in fact areas having finer and coarser microstructures are 

recognized. The dimensional variation of the microstructural features inside 

Fig. 4.5 Nanoindentation maps obtained on the AlSi10Mg alloy (left), AlSi10Mg+Cu 

alloy (centre) and AlSi10Mg+Ag (right). Hardness values are represented according 

to the colour scale reported in the image. 
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the melt pools can be understood considering the Marangoni effect, 

consisting in convective motions arising in the melt pool during L-PBF 

processes as widely reported in literature [63,64,75,82,85,105]. In SSTs cells 

of primary phase have an approximate dimension of 1 m, slightly smaller 

with respect to what observed in melt spun ribbons. This agrees well with 

the method of heat subtraction occurring in the two processing techniques; 

in fact, while in MS the ribbon detaches from the cold medium during 

solidification, in SSTs the alloy is continuously in contact with the heat sink 

allowing an efficient heat transfer during solidification. 

The fraction of eutectic observed in SSTs, along with that of melt spun 

ribbons is reported in Table 4.4. 

Table 4.4 Al-Si eutectic percentage in AlSi10Mg samples without and with Ag and Cu 

additions for both Laser Single Scan Tracks and melt spun ribbons. 

Alloy SST MS 

AlSi10Mg 23 ± 3% 20 ± 2% 

AlSi10Mg+Ag 24 ± 4% 21 ± 5% 

AlSi10Mg+Cu 25 ± 4% 30 ± 5% 

The eutectic fraction obtained in SSTs was found to agree with that of the 

corresponding MS ribbon, the value obtained for the alloy containing Cu 

Fig. 4.6 Microstructures of AlSi10Mg (left), AlSi10Mg+Cu (centre) and AlSi10Mg+Ag 

(right) samples produced by SSTs (top) and MS (bottom). Images of MS samples 

represent the air side of the ribbon for all the compositions. 
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being the highest because of the formation of Al-Cu intermetallics 

interconnected with eutectic Si. 

XRD and DSC analyses were not performed on SST samples, since it would be 

impossible to eliminate the contribution of the substrate onto which they are 

produced. 

In Fig. 4.7 are reported the indentation maps obtained by analysing the cross 

section of the SSTs for both samples without and with Ag and Cu additions. 

The average hardness values obtained for SSTs are 1.8 ± 0.3 GPa for the 

AlSi10Mg alloy, 2.0 ± 0.4 GPa for the AlSi10Mg+Ag alloy and 2.5 ± 0.5 GPa for 

the AlSi10Mg+Cu alloy. As observed in section 4.2.1.1 for the melt spun 

ribbons, the larger increase in hardness is observed for the alloy modified 

with Cu. In the sample modified with Ag, hardness values are close to those 

obtained on the unmodified alloy, indicating that Ag does not strengthen 

effectively the starting alloy in this amount and directly after rapid 

solidification. 

Through these results, it was possible to state that Cu addition is promoting 

the most effective strengthening effect to the AlSi10Mg alloy already after 

rapid solidification. For this reason, only the Cu containing alloy was selected 

to produce a bulk platelet through L-PBF. 

 

 

Fig. 4.7 Nanoindentation maps of the SSTs cross section for AlSi10Mg, AlSi10Mg+Cu 

and AlSi10Mg+Ag respectively left, centre and right in the image. 
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4.2.1.3. L-PBF bulk platelet 

An AlSi10Mg+Cu platelet was built using the same powder mixture already 

employed to produce the previous samples and fully characterized. The 

microstructures of the AlSi10Mg+Cu alloy produced as SST (a-b), MS ribbon 

(c-d), and L-PBF platelet (e-f) are shown in Fig. 4.8 both at low and high 

magnification. 

Fig. 4.8 FESEM images of the cross section of AlSi10Mg+Cu samples: SST (a and b), 

the air side of the MS ribbon (c and d), and the L-PBF platelet (e and f), respectively 

at low and high magnifications. 



83 
 

In all samples primary Al cells are surrounded by Al-Si eutectic (Fig. 4.8). The 

average cell size and eutectic percentage observed in the samples are 

reported in Table 4.5. 

Table 4.5 Diameter of the primary cells and eutectic fraction of AlSi10Mg+Cu 

samples produced by means of different rapid solidification techniques: SSTs, L-PBF 

and MS. For the melt spun sample data refer to the largest portion of the ribbon 

away from the wheel side. 

Sample Cells diameter [m] Eutectic fraction 

SST 0.4 ± 0.3 25 ± 4% 

L-PBF 0.8 ± 0.4 27 ± 1% 

MS 1.4 ± 0.7 30 ± 5% 

In the case of SSTs the eutectic is almost completely fibrous (Fig. 4.8-b), 

whereas in the XZ plane of the L-PBF platelet and in the MS ribbon some 

areas made of lamellar eutectic are found (Fig. 4.8-d and Fig. 4.8-f). The 

typical gradient in microstructural features of the MS ribbon is found here in 

the form of a change in cell size, which is of the order of 400-500 nm in a 

20-30 m thick region on the wheel side becoming then homogeneous 

around 1.4 m in the remaining two thirds of the ribbon. Substantial 

differences emerge in the microstructural features of samples made by laser 

melting: 

i. the size of the -Al cells is finer in the SSTs whereas the amount of 

eutectic appears similar; 

ii. the cell morphology in the SSTs sample is inhomogeneous in 

comparison to that of the other samples. 

Its irregular shape suggests that solidification here has occurred in front of a 

turbulent melt. Apparently the strong convective motion of the liquid 

[63,64,82,105] favoured frequent re-nucleation of crystals and their growth 

along different paths, contrary to the regular cell-eutectic sequence 

originating from a relatively quiescent melt in the L-PBF and in the MS 

sample. In terms of cell size, the L-PBF sample is intermediate with respect 

to the SSTs and the MS ones. The latter is considered as a reference for 

solidification of unstirred melt in absence of external heating source. The MS 
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ribbon starts solidifying on undercooling as fine primary solid solution and 

eutectic, but very soon recalescence, due to the release of latent heat, 

reduces the rate of heat transfer also because of the detachment of the 

ribbon from the quenching wheel, and the length scale of the microstructure 

is definitely increased as a consequence of the decreased cooling rate 

[176,200]. The microstructure in the L-PBF platelet appears similar to that of 

the MS sample, although with reduced length scale. This indicates that 

solidification of the undercooled melt occurs after the laser has moved away 

from the molten pool, which encompasses melting of the powder layer 

together with portions of the previous layers. Solidification takes place via 

epitaxial growth of the primary phase from the underlying solid, Si 

segregation and frequent eutectic re-nucleation. The melt remains always in 

intimate contact with the heat sink underneath which provides continuous 

heat transfer during the whole cooling time. 

The samples resulting from the addition of Cu to AlSi10Mg have eutectic 

fraction in between 25% and 30%, larger with respect to the base alloy in 

which the eutectic fraction was 17% in L-PBF and 20% in MS, see chapter 3. 

This is because Cu was only partially supersaturated in the primary phase as 

shown by the change in its lattice constant. It was segregated to a large 

extent in the last solidifying melt and remained in the eutectic zone as Al2Cu 

compound (see XRD pattern in Fig. 4.9). Therefore, the eutectic fraction in 

these samples should be better considered as the intermixing of eutectic Si 

and Al2Cu secondary phase. EDX measurements performed on the cross 

section of MS and L-PBF samples, Fig. 4.10-a and Fig. 4.10-e, confirm that Cu 

is preferentially and homogeneously located in zones outside the cells, 

interconnected with the eutectic Si in both samples. It is underlined that the 

composition of the present alloy is away from that of the ternary Al-Si-Cu 

eutectic, although the metastable solidification process causes its formation 

in all samples. The differences and similarities in microstructure are useful in 

the detailed understanding of the mechanism of phase formation. 

The EDX maps in Fig. 4.10-c show local irregular distribution of Cu in some 

areas of the SST sample, apparently because of incomplete mixing with the 

base alloy in spite of turbulent flow. However, it is underlined that Cu is 

present everywhere in the sample at the micron scale indicating that SST 
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produces substantial homogenization of the alloy originated from the 

mixture of powders. The L-PBF platelet results fully homogeneous within the 

resolution of the EDX measurement. 

XRD patterns made on the air side of the MS ribbon and on the inner XZ 

surface of the L-PBF platelet (Fig. 4.9) display reflections due to the fcc Al, 

diamond cubic Si and bct  phase (Al2Cu), as described in section 4.2.1.1. The 

Si reflections of the MS sample are sharper and more intense with respect to 

those of the L-PBF platelet. This reproduces the findings on the AlSi10Mg 

alloy, where larger supersaturation of Si was found in the primary phase of 

L-PBF samples whereas thickening of the eutectic Si particles and Si 

precipitation in primary Al occurred in MS ribbons, the latter effects being 

apparently caused, respectively, by recalescence and self-annealing of the 

ribbon during slow cooling in the solid state. 

Fig. 4.9 XRD patterns of the AlSi10Mg+Cu alloy produced both by MS and LPBF. The 

dotted red lines represent fcc Al reflections, the dot-dashed blue ones diamond cubic 

Si and the dashed green lines the tetragonal  phase. The inset represents the 

variation of Al lattice, calculated through the coscot method, in samples produced 

by MS and L-PBF. 
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The lattice parameter of the Al rich phase of both L-PBF and MS samples is 

reported in the inset of Fig. 4.9. All values are lower than that of the annealed 

sample used as reference indicating supersaturation. Both Si and Cu are 

reported to decrease the lattice parameter of Al, although with different 

efficacy, following rather well Vegard’s law [181,183]: the decrease in Al 

lattice constant is 1.7410-4 nm/at% for Si and 4.7710-4 nm/at% for Cu. 

Assuming that Si supersaturation in AlSi10Mg+Cu is of the same order of 

magnitude as that in the base alloy (about 1% and 4% in the MS and L-PBF 

Fig. 4.10 Images and EDX maps of Cu distribution acquired respectively on the cross 

section of MS ribbon, SST and L-PBF (along the XZ plane) samples (a, c and e) and 

nanoindentation maps of the same cross sections (b, d and f): for L-PBF sample the 

full height of the platelet was tested, and two representative portions of the results 

are shown.  
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samples respectively, chapter 3) and no ternary effect on the lattice constant, 

Cu supersaturation in the Al phase should be in between 0.75% and 1%, 

respectively, i.e. limited by the copious formation of the Al2Cu phase from 

the melt. 

Precipitation reactions should occur from the supersaturated solid solution 

in MS and L-PBF samples, which are well evidenced by the DSC signals 

obtained for AlSi10Mg+Cu alloys reported in Fig. 4.11. 

In the case of L-PBF platelet, two exothermic peaks are recorded, the first 

one being more intense. The temperature at which these signals occur is in 

accordance with the precipitation sequence already determined for the 

AlSi10Mg alloys in chapter 3. The signal centred at 225°C is associated to Si 

precipitation. It must be noted that, as already described in section 4.2.1.1, 

in the same temperature range the precipitation of the Al-Cu intermetallics 

from the supersaturated solid solution was reported in literature [199], 

therefore the DSC signal must account also for the formation of the Al-Cu 

compounds. The DSC signal occurring at higher temperature are associated 

to the precipitation of minority compounds (e.g. Mg2Si and phases containing 

impurity elements present in the alloy). The absence of the second 

Fig. 4.11 Comparison of the DSC traces showing precipitation signals obtained for 

the AlSi10Mg+Cu alloy produced by MS and L-PBF. 
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precipitation signal in the MS sample could be related to loss of Mg during 

alloy re-melting. 

The enthalpy released in the first exothermal process is close: 25 ± 7 J/g in 

MS ribbons and 26 ± 3 J/g in the L-PBF sample, at variance with the base 

AlSi10Mg alloy for which values of 17 ± 2 J/g and 33 ± 9 J/g were found, 

respectively. Using assessed thermodynamic databases for Al alloys [201], 

the enthalpy difference between equilibrium phase mixtures and 

supersaturated solid solutions in Al-Si and Al-Cu systems in the composition 

range relevant for the present alloys, are 229 J/at% (8.5 J/g) and 633 J/at% 

(23.5 J/g), respectively. Therefore, although the contribution of the two 

reactions cannot be singled out, it is apparent that the precipitation of Cu 

compounds does contribute to the overall enthalpic effect in spite of the low 

supersaturation because of its larger formation enthalpy. The 

supersaturation in both Si and Cu in the rapidly solidified samples suggests 

the possibility of setting up ad hoc thermal treatments to induce 

precipitation hardening provided the microstructure obtained in 

solidification is preserved. 

The melting of the modified alloy occurs in the temperature range between 

545 ± 5°C and 583 ± 3°C. These values agree with the solidus and liquidus 

points reported in the recently assessed Al-Si-Cu phase diagram [202] within 

a few degrees which account for the present impurity content. The 

solidification at the fixed heating rate of 20 K/min of the DSC cell starts on 

undercooling at 562 ± 1°C and ends at 545 ± 3°C. The alloy melts/solidifies in 

limited temperature ranges which is a main condition to reduce the chance 

of developing cracks during solidification, a well-established problem in 

Additive Manufacturing of Al alloys especially of the 2xxx and 7xxx series [63]. 

Actually, no evidence of cracks is present in the images of the L-PBF in           

Fig. 4.8, nor is there in the MS and SST samples although cracking here is 

much less likely. 

Nano-indentation was performed to explore the mechanical properties of 

the samples. Results are visually highlighted in form of maps in Fig. 4.10. The 

average hardness values are comparable for SST, MS and L-PBF samples: 

i.e. 2.7 ± 0.4 GPa, 2.4 ± 0.4 GPa and 2.4 ± 0.8 GPa, respectively; but there is a 

difference in the distribution of the harder phase (see colours in maps of    
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Fig. 4.10-b, Fig. 4.10-d and Fig. 4.10-f) being the colour distribution and, 

consequently, the hardness more homogeneous in the MS and L-PBF samples 

with respect to the SST ones. This is due to the local inhomogeneous Cu 

distribution outlined above. Fluctuations in hardness observed across the XZ 

plane of the L-PBF platelet do not appear to follow any trend and are 

probably related to different amount of Cu compounds encountered in 

different zones of the sample. A significant increase in hardness with respect 

to that of the base AlSi10Mg alloy produced by MS is found (1.8 ± 0.3 GPa, 

the indentation map from which was obtained this value is reported in         

Fig. 4.5). The slightly higher value of the SST sample can be attributed to the 

finer microstructure. 

The effect of Cu addition was further established with conventional Vickers 

hardness measurements carried out on the XZ plane of L-PBF samples made 

of both AlSi10Mg and AlSi10Mg+Cu alloys in comparison with MS samples. 

The resulting excess in hardness of the Cu-added alloy, Table 4.6, confirm the 

results obtained with nanoindentation, showing the higher hardness of the 

Cu-added alloy and the reproducibility of the effect in all samples. The overall 

increase in hardness with respect to the base alloy appears to be related to 

the larger amount of eutectic-like fraction since the crystal size and solute 

supersaturation are similar. 

Table 4.6 Comparison of Vickers hardness and hardness derived from nano-

indentation for both AlSi10Mg and AlSi10Mg+Cu samples produced by L-PBF, MS 

and SST. Of course, due to the limited dimensions of the tracks hardness 

measurements on SSTs were performed only with nano-indentation. 

Sample Vickers Hardness [HV] Nano-indentation [GPa] 

AlSi10Mg L-PBF 137 ± 13 2.0 ± 0.2 

AlSi10Mg+Cu L-PBF 152 ± 5 2.4 ± 0.8 

AlSi10Mg MS 133 ± 4 1.8 ± 0.3 

AlSi10Mg+Cu MS 162 ± 8 2.4 ± 0.4 

AlSi10Mg SST - 1.8 ± 0.3 

AlSi10Mg+Cu SST - 2.7 ± 0.4 
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4.2.2. AlSi10Mg+inoculants 

In Fig. 4.12 are reported the micrographs of the AlSi10Mg ribbon along with 

those of the ribbons modified with the addition of different inoculants (Er, 

nano-TiB2 and Sr). In Fig. 4.12-a is reported the low magnification 

micrographs of the unmodified AlSi10Mg alloy. As already discussed in 

chapter 3 in the ribbon there is a gradient in microstructure resulting in 

featureless microstructure at the wheel side (bottom of Fig. 4.12-a) and in 

cellular primary phase of increasing dimensions surrounded by fibrous 

eutectic moving towards the air side (top of Fig. 4.12-a). The eutectic Si 

network here appears to be continuous around the cells and in some areas 

lamellar eutectic can be observed, Fig. 4.12-b. All ribbons modified adding 

conventional inoculants display differences with respect to the unmodified 

alloy. The ribbon containing 0.1wt% of Sr is the most similar to the AlSi10Mg 

ribbon showing a microstructure made of -Al cells surrounded by Si eutectic 

(Fig. 4.12-g and Fig. 4.12-h). In this case a featureless microstructure is no 

longer observed at the wheel side, but at both air side and wheel side the 

microstructure appears finer for a few microns (Fig. 4.12-g). At higher 

magnification (Fig. 4.12-h) it is possible to notice that even if the 

microstructure is close to that of the unmodified ribbon the eutectic Si 

network around the primary phase appears to be more disrupted. This effect 

become even more evident in the ribbons modified with Er (Fig. 4.12-c and 

Fig. 4.12-d) and nano-TiB2 (Fig. 4.12-e and Fig. 4.12-f). At low magnification 

both ribbons show a more uniform microstructure without strong gradient 

in microstructural features, but if in the ribbon containing 0.3wt% Er some Al 

cells are still distinguished (Fig. 4.12-d), in the alloy containing 0.1wt% 

nano-TiB2 (Fig. 4.12-f) it is really hard to define shape and dimensions of the 

Al cells. 
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Fig. 4.12 Micrographs of the melt spun ribbons unmodified and modified with the 

addition of inoculants. (a) and (b) represent the low and high magnification 

micrographs of the AlSi10Mg alloy; (c) and (d) those of the ribbon containing the 

0.3wt% of Er; (e) and (f) the ones of the ribbon modified with 0.1wt% of nano-TiB2; 

(g) and (h) the micrographs of the ribbon containing 0.1wt% of Sr. Low 

magnification images show the whole cross section of the ribbons while the high 

magnification images were collected in the centre of the ribbons. 
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In order to evaluate the effectiveness of the different elements in modifying 

the eutectic Si, eutectic percentage, Al cells dimension and Si dimensions 

were measured, Table 4.7. 

Table 4.7 Comparison of eutectic  Si percentage, Al cells dimensions and Si 

dimensions observed in melt spun samples of both unmodified AlSi10Mg and alloy 

containing Er, nano-TiB2 and Sr additions. 

Sample 
Eutectic Si 

percentage 
Al cells dimensions [m] Si dimensions [nm] 

AlSi10Mg 20 ± 2 3 ± 1 899 ± 119 

AlSi10Mg+Er 13 ± 1 2.3 ± 0.1 255 ± 12 

AlSi10Mg+TiB2 12 ± 1 2.5 ± 0.3 310 ± 7 

AlSi10Mg+Sr 18 ± 2 1.29 ± 0.06 144 ± 8 

From results in Table 4.7 it is noted that all ribbons containing modifying 

elements display a lower eutectic Si percentage with respect to the 

unmodified alloy suggesting extended supersaturation of Si in the -Al. 

However, it is important to underline that the reduced dimensions of Si 

precipitates, being under the resolution of the image analysis, can influence 

these results. Al cells dimensions appeared to be of the same order of 

magnitude of that observed for the AlSi10Mg ribbon produced with the same 

parameters, but Si eutectic was strongly modified upon addition of Er, 

nano-TiB2 and Sr. As apparent from Fig. 4.12, after the modification eutectic 

Si is fragmented, this results in reduced Si dimensions. Si dimensions, 

however, are only partially indicative of the modification of the 

microstructure; in fact, the ribbon containing nano-TiB2 display the coarser 

Si but also the stronger modification of the microstructure Fig. 4.12-e and 

Fig. 4.12-f. 

XRD measurements were performed both to evaluate the phases present 

upon modification and to determine the level of Si solubilization through the 

application of the Vegard’s law. In Fig. 4.13 is reported the comparison of the 

XRD patterns acquired on the air side of all the ribbons under study. All 

samples displayed the same phases, i.e. fcc Al and diamond cubic Si, no other 

reflections were identified, as expected considering the low amount of 

modifying elements added into the AlSi10Mg alloy. 
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Reflections of fcc Al were employed to determine the lattice parameter of Al 

and to quantify the level of Si supersaturation using the Vegard’s law. A 

comparison of the lattice parameter obtained for the ribbons under study is 

reported in Fig. 4.14. All the lattice parameters appear to be below the value 

of the AlSi10Mg alloy solidified in equilibrium condition indicating Si 

supersaturation, moreover all ribbons display similar lattice parameters. No 

clear trend was observed when analysing the differences in lattice parameter 

when moving from the wheel side to the air side in accordance with the 

microstructural features observed in Fig. 4.12. To evaluate the amount of Si 

supersaturation Vegard’s law was applied to the average of the lattice 

parameters reported in Fig. 4.14, the results obtained from the calculations 

are reported in Table 4.8. 

Fig. 4.13 XRD patterns of the air side of both unmodified and modified ribbons. The 

dashed blue lines represent diamond cubic Si reflections while the dashed red lines 

represent fcc Al reflections. 
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As reported in Table 4.8, the amount of Si supersaturation is more or less the 

same for all the samples and lays in between 1 at% and 1.5 at% in accordance 

with what already determined for the unmodified alloy. 

Table 4.8 Comparison of the amount of Si supersaturation present in the AlSi10Mg, 

AlSi10Mg+Er, AlSi10Mg+nano-TiB2 and AlSi10Mg+Sr ribbons. 

 AlSi10Mg AlSi10Mg+Er AlSi10Mg+TiB2 AlSi10Mg+Sr 

Solubilized Si [at%] 1.3 ± 0.4 1.5 ± 0.3 1.1 ± 0.1 1.2 ± 0.5 

A comparison of the curves obtained from DSC is reported in Fig. 4.15. 

All samples display two precipitation signals the first one being more intense 

and occurring at variable temperatures while the second one appears to be 

invariant in temperature.  

Fig. 4.14 Comparison of the lattice parameter of Al calculated for the AlSi10Mg alloy 

and for the alloy modified with Er, nano-TiB2 and Sr. Measurements were carried out 

on both wheel and air sides and for measurements performed both in 

Bragg-Brentano and in Grazing Angle (GA) configuration. 
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These signals are the same already described for the AlSi10Mg alloy and are 

associated respectively to Si precipitation and to the precipitation of Mg and 

other impurities present in the AlSi10Mg alloy. The onset temperature and 

the precipitation enthalpy of the signal associated to Si are indicative of the 

amount of supersaturation in Si present in the samples, i.e. the higher is the 

temperature and the lower is the enthalpy and the lower will be the amount 

of Si retained in solution. From Fig. 4.15 it is evident that in all samples 

modified with inoculants the Si precipitation signal occurs at slightly higher 

temperatures and has a lower enthalpy indicating reduced supersaturation 

with respect to what observed for the AlSi10Mg ribbon. From the DSC curves 

the ribbon containing Sr appears to be the one displaying the lowest 

supersaturation level (below 10 J/g). This is reflected in the wider error bar 

obtained when evaluating the amount of Si solubilized applying the Vegard’s 

law, and can be explained considering that, as reported in literature 

[120,127,128], Sr act as nucleation initiator for Si, resulting in more frequent 

Fig. 4.15 Comparison of the precipitation signals observed in the melt spun samples 

of AlSi10Mg and AlSi10Mg containing Er, nano-TiB2 and Sr. 
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precipitation of Si nuclei having smaller dimensions, consistently with what 

determined in Table 4.7 from the image analysis, and consequently reducing 

the level of supersaturation. 

This result agrees with what determined by XRD, but not all the ribbon is 

expected to possess the same level of supersaturation. In order to evaluate 

the exact enthalpy of precipitation and the consequent level of 

supersaturation for the ribbons containing inoculants further measurements 

are required. 

To evaluate the effect of the different inoculants on the AlSi10Mg alloy 

melting and solidification of the alloys were studied through DSC, results on 

both onset and offset temperatures as well as enthalpies for melting and 

solidification signals are reported in Table 4.9. 

Table 4.9 Onset and offset temperatures of melting and solidification temperatures 

along with the associated enthalpies for the unmodified AlSi10Mg alloy and for the 

alloys modified with 0.3wt% Er, 0.1wt% nano-TiB2 and 0.1wt% Sr. 

 
Tonset [°C] 

Heating 

Toffset [°C] 

Heating 

Hmelt 

[J/g] 

Tonset [°C] 

Cooling 

Toffset [°C] 

Cooling 

Hsol 

[J/g] 

AlSi10Mg 571 ± 1 603 ± 1 458 ± 12 577 ± 6 552 ± 1 449 ± 1 

AlSi10Mg+Er 568 ± 1 609 ± 3 449 ± 11 587 ± 1 550 ± 1 447 ± 2 

AlSi10Mg+TiB2 569 ± 1 602 ± 3 495 ± 7 584 ± 1 549 ± 1 483 ± 3 

AlSi10Mg+Sr 573 ± 1 603 ± 1 463 ± 8 587 ± 1 551 ± 1 459 ± 1 

Onset and offset temperatures for all the samples appear in agreement 

indicating that there are no differences in the melting point of the alloys, 

during solidification undercooling is observed but also in this case this acts in 

the same way for all the compositions under study. 

A higher enthalpy of melting was observed in the unmodified sample and in 

the sample containing nano-TiB2, the same result being observed also for the 

solidification enthalpy in the case of the AlSi10Mg+TiB2 ribbon. Overall, 

results can be considered homogeneous for all the samples under study 

indicating that the presence of inoculants does not induce variations in 

melting and solidification mechanisms. 

Further investigations were carried out to evaluate how the presence of 

inoculants affects the mechanical properties of the AlSi10Mg alloy. Results 
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on hardness derived from nano-indentation measurements performed on 

the cross section of the different ribbons are reported in Table 4.10. 

Table 4.10 Comparison of the hardness values measured on the cross section of the 

unmodified and modified ribbons through nanoindentation. 

 AlSi10Mg AlSi10Mg+Er AlSi10Mg+TiB2 AlSi10Mg+Sr 

Hardness [GPa] 1.8 ± 0.3 1.5 ± 0.3 1.1 ± 0.4 1.3 ± 0.5 

Hardness values for all ribbons modified with the addition of inoculants were 

found to be slightly lower with respect to that of the unmodified ribbon in 

the as spun condition. This is associated to the reduced amount of eutectic 

Si observed in the ribbons and to its disrupted morphology. 

Despite hardness values do not show a significant improvement of the 

mechanical properties of the alloys modified with the addition of inoculants 

what is interesting is that also in rapid solidification conditions the presence 

of inoculants affects the morphology of eutectic Si. The refinement deriving 

from the combined effect of both grain refiners and rapid solidification could 

be of great interest especially if able to promote a more homogeneous 

distribution of Si nanocrystals in the Al matrix. 
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4.3. Conclusions 

4.3.1. AlSi10Mg+hardeners 

The focus of this part was to modify the composition of the AlSi10Mg alloy, 

widely employed in AM, to obtain better mechanical properties. The 

elements selected for the strengthening are Ag and Cu, known to provide 

respectively solution and precipitation hardening in conventional Al alloys. 

Since L-PBF processes are known to require several kilos of atomized 

powders for a single job, it is not convenient to test new composition directly 

with AM techniques. To avoid this problem, here a new route to test new 

compositions avoiding to employ of kilos of powder was proposed. The 

method, developed in partnership with the Politecnico di Torino (DISAT) and 

the Istituto Italiano di Tecnologia (IIT), consists in evaluating the properties 

of new compositions through two alternative processing routes, MS and SST. 

Through MS microstructural, structural and thermal properties of the alloy 

solidified under rapid solidification were investigated, while SSTs were 

employed to assess the process window suitable for the selected 

compositions. In the end the process was validated producing a bulk sample 

by L-PBF with the most promising composition using the process parameters 

optimized with SSTs. 

The microstructural features for both AlSi10Mg+Ag and AlSi10Mg+Cu are 

compatible meaning that the two alloys processed both by MS and SST give 

the same microstructural features even if solidification conditions are not 

equal due to the differences in heat subtraction. The bulk sample produced 

with the most promising alloy, the AlSi10Mg+Cu provided the same features 

observed in the other test samples, giving a first validation of the method 

proposed for designing new alloys. 

Structural and thermal properties were evaluated only for MS samples. 

Results obtained from XRD patterns and lattice parameter calculation 

indicate the presence of extended solid solubility of both Si and hardeners 

respectively Ag in AlSi10Mg+Ag and Cu in AlSi10Mg+Cu. These results agree 

with what observed in rapidly solidified AlSi10Mg, where it was evidenced 

that increasing the cooling rate of the process, and so the level of 
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supersaturation achievable, there is a decrement in the value of the lattice 

parameter due to the increased solubilization of Si (and for the modified alloy 

of Cu) in the -Al. 

From calorimetric measurements results similar to those obtained for 

AlSi10Mg in chapter 3 were observed. No peculiar signals were identified 

after the additions of Ag and Cu; but, for the sample containing Cu, an 

increase in the precipitation enthalpy of the signal associated to Si was 

evidenced. This is probably related to the double contribution of Si and Al-Cu 

compounds  precipitation occurring in the same temperature range. 

To evaluate the mechanical properties of the alloys, nano-indentation tests 

were performed on all samples (MS and SSTs). Results obtained agree 

meaning that the two processing routes provide similar mechanical 

properties. 

Due to the encouraging results obtained for the alloy containing Cu, the next 

step was to verify if results obtained by MS and SST were reproduced when 

producing a bulk platelet. SSTs were used to define the process window for 

the selected composition, while MS was employed as benchmark of 

microstructure and alloy properties after rapid solidification processing. 

In all three cases an AlSi10Mg+Cu alloy was obtained showing that 

compositional homogenization is feasible even when starting the production 

from a powder mixture. Only some residual inhomogeneity in Cu distribution 

was found in the SST sample. 

The microstructural features, i.e. cell size of primary Al and eutectic 

morphology of Si, obtained for SST and MS differ notably but help in 

interpreting the solidification process in the different techniques. The 

microstructure is almost one order of magnitude finer in SST and eutectic is 

made of highly distorted fibres. This implies that the rate of heat transfer to 

the quenching substrate and the convective motion of the melt differ 

substantially. 

Schematically, the microstructures indicate that the melt in SST is turbulent, 

whereas it is quiescent in melt spinning. This affects the rate of nucleation 

and growth of phases. The microstructure morphology of the bulk sample 

produced by L-PBF is similar to that of MS ribbon, but intermediate between 
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SST and MS in terms of cell size. In all cases the Cu forms to a large extent the 

Al2Cu phase directly from the melt which is intermixed with the eutectic. 

The combination of results on lattice parameter of the primary phase, 

temperature and enthalpy of exothermal DSC signals due to precipitation 

indicate the occurrence of supersaturation of both Si and Cu in the as 

quenched samples. The Cu supersaturation was estimated in between 

0.75 at% and 1 at% in both L-PBF and MS samples. Precipitation of both Si 

and Al-Cu compounds occurs on continuous heating at temperatures just 

above 200°C. 

The mechanical properties were evaluated by means of nano-indentation 

and Vickers tests. The results given by the samples made with all processing 

techniques agree in showing an increase in hardness of the as prepared 

samples with respect to that of the base AlSi10Mg alloy, mostly due to the 

occurrence of Cu compounds intermixed with the eutectic. Nanoindentation 

maps show some scatter in hardness data due to local inhomogeneity in Cu 

distribution in the SST sample. 

Since the combination of the fast MS and SSTs technique, which employ 

limited amount of powder, was proved effective in simulating the synthesis 

of new compositions and their properties, it is concluded that the approach 

used here will allow to test rapidly alloys and to expand the material palette 

available for AM processes. 
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4.3.2. AlSi10Mg+inoculants 

After demonstrating that it is possible to evaluate the characteristics of alloy 

processed by L-PBF using MS and SSTs, the influence of different grain 

refiners, i.e. Er, nano-TiB2 and Sr, on the AlSi10Mg alloy after rapid 

solidification was investigated. 

Since it is not convenient to test new composition directly with AM 

techniques, MS was used as a fast technique to get a complete screening of 

the properties of new compositions before moving towards more complex 

approaches. 

After the addition of inoculants (Er, nano-TiB2 and Sr) to the AlSi10Mg alloy, 

the microstructure of the ribbons appears composed of two main phases, 

i.e. -Al and Si eutectic as in the unmodified alloy; but here it is no more 

possible to describe the Si as a continuous network embedding the primary 

phase because it results disrupted forming smaller Si crystals dispersed in the 

matrix. 

The amount of Si observed in the micrographs suggest the presence of 

supersaturation, as confirmed by calculating the lattice parameter of Al 

through XRD. Results obtained from XRD patterns and lattice parameter 

calculations agree with what already observed in AlSi10Mg samples 

produced by means of different rapid solidification techniques, where it was 

evidenced a decrement in the value of the lattice parameter due to the 

increased solubilization of Si. Supersaturation was found to be in the range 

1 at% to 1.5 at%. 

From calorimetric measurements results close to those obtained for 

AlSi10Mg were observed. No peculiar signals were identified after the 

additions of Er, nano-TiB2 and Sr, but for all samples a decrease in the 

precipitation enthalpy of the signal associated to Si was observed. These 

results were found to agree with the increased nucleation frequency of Si in 

presence of inoculants. Moreover, also melting and solidification of these 

alloys were investigated. For all alloys onset and offset temperatures were 

found to agree indicating that the presence of grain refiners does not induce 

alterations in the mechanisms of melting and solidification. During 

solidification undercooling was observed. 
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To evaluate the mechanical properties of the alloys, nano-indentation tests 

were performed on the cross sections of all samples. The average hardness 

values obtained were found to be slightly lower than that of the unmodified 

alloy for all the inoculant additions indicating the continuous Si network as 

main responsible for the increase in hardness observed in rapidly solidified 

samples. 

The fact that eutectic Si appears to be more disrupted, in principle can lead 

to a more homogeneous Si distribution inside bulk samples produced by 

means of AM, making mechanical properties more isotropic. To verify this 

aspect of course further measurements will be required, following the same 

pathway already described for the AlSi10Mg+Cu alloy in 4.2.1. Hopefully, in 

the next months, SSTs and bulk specimen will be produced by AM and fully 

characterized to confirm what observed through MS. 
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5. Part III: Residual stresses in AlSi10Mg alloy 
by Laser-Powder Bed Fusion 

5.1. Experimental procedure 

5.1.1. Sample selection 

Measurements for the evaluation of residual stresses were performed on 

several AlSi10Mg samples both with XRD and Raman spectroscopy. 

XRD measurements were conducted to evaluate if differences in scanning 

strategy and temperature of the building platform were able to provide 

substantial changes in the stress state of the system. 

Analysis with Raman spectroscopy were conducted to get a deeper insight 

on the relationship Raman shift - residual stress - Si dimension. 

In order to investigate this, different samples were selected for the different 

characterization techniques. 

Samples selected for XRD measurements are cubic samples of AlSi10Mg 

produced by L-PBF having dimensions 15 𝑥15 𝑥10 𝑚𝑚  after support 

removal. All samples were produced using the same laser power, scan speed 

and hatching distance already described in Table 3.2. These parameters were 

kept fixed since they allow to obtain dense samples. What was changed were 

the scanning strategy (rotating each layer of 67° or scanning unidirectionally 

along X for the whole job) and the temperature of the building platform (35°C 

or 100°C). Moreover, one sample was produced directly on the building 

platform without the presence of support structures and analysed to 

understand if supports can provide beneficial effects on the presence of 

residual stresses. 

The selected samples were analysed both in the AB conditions and after the 

SR treatment (2h@300°C) on five of the six faces of the cubes. The bottom 

face of the cubes was not considered because of its higher roughness 

consequence of supports removal. 

A list of the samples analysed along with their production parameters is 

reported in Table 5.1. 
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Table 5.1 L-PBF AlSi10Mg samples selected for the residual stress measurements 

and their process parameters. 

Sample name Scanning strategy 
Temperature of the 

building platform [°C] 

AM_AB_67°_35°C 67° 35 

AM_AB_67°_100°C 67° 100 

AM_AB_X_35°C X 35 

AM_AB_X_100°C X 100 

AM_AB_67°_100°C_EDM 67° 100 

AM_SR_67°_100°C 67° 100 

AM_SR_X_35°C X 35 

AM_SR_X_100°C X 100 

AM_SR_67°_100°C_EDM 67° 35 

Faces to be analysed were identified by defining a standard nomenclature for 

each face and this label was added as a suffix after the sample name defined 

in Table 5.1. The nomenclature chosen follows the scheme depicted in        

Fig. 5.1. 

Of course the cubic samples for residual stress determination were analysed 

at first in their raw form (without any cutting or surface treatment), then 

after all the analysis were completed other measurements were performed 

on the XZ1 face of the AM_AB_67°_35°C after mechanical polishing down to 

Fig. 5.1 Scheme of the cube with the label associated to each face. ID. stands for a 

3D printed label on top of each cube describing the process parameters employed 

for sample production. 
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40 nm and after electropolishing (following the procedure reported in 

5.1.2.2). 

Residual stress determination by Raman spectroscopy was conducted at first 

on the samples produced by CMC, MS and L-PBF employed in chapter 3. This 

first set of measurements was performed to see if Raman was able to see 

differences in samples produced with different cooling rates and so showing 

different eutectic morphologies. Another set of measurements was then 

conducted on the same samples employed for the determination of residual 

stresses through XRD in order to evaluate if it is possible to find a correlation 

between the macro-stress determined by XRD on Al and the micro-stress 

obtained by Raman spectroscopy on Si. 

Raman spectra were acquired on at least three random positions on the 

sample surface, for the AB samples obtained with different parameters the 

nomenclature described in Table 5.1 and Fig. 5.1 was kept. 

 

5.1.2. Sample preparation 

5.1.2.1. Preparation for Raman measurements 

Micro-Raman spectroscopy requires the part of sample onto which the 

analysis is performed to be in focus. Taking in mind this point, AlSi10Mg 

samples were investigated by Raman spectroscopy in raw form when 

possible. In the case it was not possible to find a portion of the sample onto 

which perform the analysis, the sample was cut and mechanically polished. 

Samples were analysed on different points along the sample surface and in 

case of MS ribbons measurements were performed both on wheel side and 

air side of the specimen. As for XRD stress measurements, L-PBF cubes were 

analysed on the five faces described in Fig. 5.1. 
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5.1.2.2. Preparation for XRD measurements and 

Electropolishing 

L-PBF samples for XRD residual stress measurements were analysed at first 

in their raw form in order not to alter the stress state of the samples. Then, 

to see how stress changes moving deeper in the sample, tests were 

performed on samples polished down to 3 m and electropolished. 

Electropolishing tests were performed following the ASTM E1558-09 (2014) 

using a home-made system as that reported in Fig. 5.2 in which the cathode 

was a plate of stainless steel. 

After several attempts performed varying temperature of the electrolyte, 

electrolyte composition, applied voltage and time of the process the best 

treatment conditions were identified. 

As electrolyte a volumetric solution containing 90% Ethanol and 10% 

Perchloric acid (having concentration of 30%) was employed. 

Electropolishing was performed at room temperature applying 

approximately 10 V for 30 s. To avoid the formation of a passive layer of 

Fig. 5.2 Scheme of a simple system for electropolishing tests (ASTM 1558-9 (2014)) 
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oxide, that hinders the electrolyte to act homogeneously on the sample 

surface, mechanical polishing down to 3 m was performed just before the 

electropolishing treatment. In presence of the passive layer time of 

treatment was increased. 

In this specific case electropolishing was performed just to remove 

homogeneously a layer of material without introducing external stresses on 

the sample under analysis. The conditions reported here for electropolishing 

do not allow to obtain a mirror like surface for samples produced by L-PBF, 

probably because of the fine Si structures dispersed in the matrix; 

nevertheless, they were suited to remove the layer deformed by mechanical 

polishing. 
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5.2. Results 

5.2.1. Raman spectroscopy 

The first set of measurements by Raman spectroscopy was performed on the 

AlSi10Mg samples produced by means of different rapid solidification 

techniques already described in chapter 3. 

In Fig. 5.3 is reported the comparison of the transverse optic mode of 

crystalline Si produced by CMC, MS and L-PBF before and after stress 

relieving, along with a reference spectra representing polycrystalline Si in 

absence of stress and nano-crystals. 

Fig. 5.3 Comparison of the Raman spectra acquired on AlSi10Mg samples produced 

by means of different rapid solidification techniques (full line), along with the fit of 

the signal obtained after the analysis with the modified Campbell and Faucet model 

(dashed line). Moving from the bottom to the top of the image are reported the 

spectra acquired on: polycrystalline Si and AlSi10Mg produced by CMC, MS and 

L-PBF before (AM_AB) and after (AM_SR) stress relieving treatment. The red dashed 

line represents the position of the Si transverse optic mode in absence of stress and 

nanocrystals. 
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Increasing the cooling rate, so going from the bottom to the top of Fig. 5.3, 

Raman signal appears to be shifted towards lower wavenumber and 

broadened. After the stress relieving treatment performed on the sample 

produced by L-PBF, the Raman peak appears to be blue-shifted back towards 

the position of the reference and narrowed with respect to the sample in AB 

conditions. 

The shift observed in Fig. 5.3 is indicative of Si modification in the AlSi10Mg 

alloy when subjected to rapid solidification. However, considering that the 

Raman signal is more affected by nano-crystals than by micro-crystals, it is 

not straightforward to determine if the Raman shift observed is associated 

to the presence of residual stress in the samples or if the presence of 

nanometric Si crystals is predominant in the shift. 

The same measurements were performed also on the L-PBF samples 

produced varying the scanning strategy and the temperature of the building 

platform, both in AB and SR conditions, in order to evaluate if different 

process parameters have a strong effect on the TO mode of Si. 

In these samples limited variability on the position of the peak and on the 

dimensions of Si crystals, reported for clarity in Fig. 5.4, was evidenced 

through the modified Campbell and Fauchet model, indicating that different 

process parameters have a limited influence on Si dimension and possibly on 

the stress level of samples. Even if the differences reported in Fig. 5.4 are 

limited, it is interesting to underline how the model is able to discriminate in 

between samples before and after the stress relieving treatment. In fact, it is 

evident how samples in AB condition give average Si dimension below 7 nm 

as a first approximation, while samples that have received the SR treatment 

give average Si dimension above 7 nm. 
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To understand the reasons behind the shift observed, a careful literature 

search was performed and in this way an experimentally determined 

correlation between size of Si nano-crystals and shift was found, [160]. 

Having in mind this relationship, it was possible to compare the dimension of 

Si nano-crystals obtained through the calculation in Mathcad of both the 

samples produced by means of different rapid solidification techniques and 

the L-PBF samples produced with different process parameters with the 

theoretical behaviour reported in literature, Fig. 5.5. 

As reported in Fig. 5.5, the dimensions and peak positions obtained from 

Mathcad follow the general trend described by Ossadnik et al. in [160] but 

the curve is shifted to lower wavenumbers of approximately 2 cm-1. Samples 

produced by CMC (blue), MS with wheel velocity at both 10 m/s and 15 m/s 

(pink) and L-PBF after stress relieving treatment (violet) have the larger Si 

Fig. 5.4 Comparison of Si nano-crystals dimensions obtained through the Campbell 

and Fauchet model applied on Raman spectra acquired on different faces of samples 

produced by L-PBF with different process parameters, both before (AM_AB) and 

after stress relieving treatment (AM_SR). The dashed line represents an ideal 

distinction in between samples before and after SR. 
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nano-crystals and the lower Raman shift, while samples produced by L-PBF 

in the as built conditions (green) result in smaller crystals and display a higher 

red-shift. 

The displacement from the theoretical curve of the points obtained from the 

samples is interesting because could be an indication of the presence of a 

tensile stress contributing to the shift in the Raman signal. 

To confirm these results of course it is necessary to validate the dimensions 

of Si nano-crystals present in the -Al matrix as precipitates. 

To get a better insight on Si morphology in samples produced by L-PBF, a 

small portion of the alloy was put into a diluted solution of HCl to selectively 

dissolve all the Al present in the alloy leaving only the unetched Si. 

Dissolution took place at approximately 70°C for several days. Once the 

Fig. 5.5 Comparison of the Si dimensions obtained from the Campbell and Fauchet 

model on samples produced by CMC (blue), MS (pink) and L-PBF both before (green) 

and after (violet) the stress relieving treatment. In samples produced by L-PBF the 

error bars represent simply the average of the results obtained on the different faces 

of the cubes analysed. The full red line represents the experimentally determined 

relationship described by Ossadnik et al. in [160]. 
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dissolution was complete, the acid solution was washed for several days into 

dialysis membranes in order to be able to retain the nanometric Si present 

as precipitate inside the matrix. Samples so obtained, along with bulk 

samples, were analysed both at FESEM and TEM to understand better Si 

dimensions in the L-PBF samples, Fig. 5.6. 

From Fig. 5.6-a it is evident that the fibrous Si eutectic forms a shell around 

the Al matrix, moreover the eutectic seems to be composed by small Si 

particles (i.e. having dimensions below 50 nm) aggregated together. This 

morphology is different from what observed in conventional micrographs, 

e.g. Fig. 5.6-b, in which the Al matrix (lighter grey) is surrounded by 

continuous fibrous eutectic (darker grey). Increasing the magnification and 

focusing on some distinctive features of the eutectic, it is possible to confirm 

that these microstructural features are characteristic of different samples 

produced by L-PBF, Fig. 5.6-c and Fig. 5.6-d. Further increasing magnification, 

it was possible to investigate the presence of nano-crystalline Si. In FESEM 

images Si particles having dimensions around 20 nm were evidenced,           

Fig. 5.6-e; these are not small enough to contribute to the Raman shift 

described earlier, however it is important to underline that these dimensions 

are close to the instrumental limit. For this reason, further TEM analyses 

were performed both inside the Al matrix and on the Si extracted from the 

Al matrix. In the Al matrix, Fig. 5.6-f, it was possible to isolate a particle having 

diameter of approximately 5 nm that was identified as Si along the (110) 

direction thanks to the interplanar distance. The dimension found in Fig. 5.6-f 

corresponds well to what found analysing the Raman spectra. 

A further proof of the presence of nanometric Si was obtained analysing the 

finest part of the Si extracted from the -Al matrix with TEM. In Fig. 5.7 are 

reported two micrographs displaying the Si nano-crystals dispersed on the 

sample holder (Fig. 5.7-a and Fig. 5.7-b). To verify that particles observed are 

made of Si, EDX analysis and calculation of the interplanar spacing from the 

lattice fringes observed at high resolution (Fig. 5.7-c) were performed. 
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Fig. 5.6 FESEM images of the Si extracted from L-PBF samples (left) and TEM images 

of an L-PBF sample (right). In detail: (a) and (b) are low magnification images in 

which is represented the shape of eutectic Si; (c) and (d) show a peculiar detail of the 

eutectic Si; while (e) and (f) represent Si precipitates that were found during the 

analysis. 
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Both the analysis confirmed that crystals observed are made of Si, so further 

measurements were carried out to determine which is the dimensional 

distribution of Si nano-crystals in the L-PBF samples in order to compare it 

with the distribution determined through Mathcad applying the modified 

Campbell and Fauchet model, Fig. 5.8. 

The distribution determined through the analysis of TEM micrographs,        

Fig. 5.8-a, agrees well with that determined with Mathcad, Fig. 5.8-b. 

The presence of nanometric Si crystals confirms the results obtained from 

the elaboration of the Raman spectra using the Campbell and Fauchet 

approach. For this reason, it is possible to state that, assuming the 

experimentally determined model presented by Ossadnik in [160] to be 

correct and Si dimension to be verified, apart from the shift related to 

Fig. 5.7 TEM micrographs representing the nanometric Si crystals removed from the 

-Al matrix (a) and (b), along with a high resolution micrograph in which it is possible 

to identify the lattice fringes of (111) Si crystals, (c). 

Fig. 5.8 Comparison of the distribution of Si dimensions determined both by TEM 

micrographs (a) and applying the modified Campbell and Fauchet model (b). 
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nano-crystals, there is also a shift caused by the presence of a tensile stress 

in the alloy for all the samples subjected to rapid solidification. 

Up to now results on the presence of residual stresses are just qualitative. 

As a first approximation, to obtain a quantitative result on the local residual 

micro-stress in Si for the different rapidly solidified samples measured 

through Raman spectroscopy, it is possible to employ the following 

relationship  

𝜎 = ∆𝜔 ∙ 250𝑀𝑃𝑎 

presented in [147] and applied in presence of a biaxial stress. 

The local micro-stress of Si for the different rapidly solidified sample was 

evaluated by subtracting the contribution of shift related to the presence of 

Si nano-crystals. The average results obtained for all samples along with their 

standard deviation are reported in Table 5.2 along with the strain 

determined using the Young modulus of Si (140 GPa). 

Table 5.2 Quantification of local micro-stress and strain of Si through Raman 

spectroscopy. 

 CMC MS AM_AB AM_SR 

𝝈𝑺𝒊 [MPa] 402 ± 25 341 ± 38 1038 ± 243 392 ± 134 

𝜺𝑺𝒊  0.0029 ± 0.0002 0.0024 ± 0.0003 0.007 ± 0.002 0.003 ± 0.001 
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5.2.2. X-Ray Diffraction 

In parallel to Raman measurements, residual stresses were also determined 

conventionally by XRD. The first measurements performed were devoted to 

verifying the alignment of the diffractometer and ensure the reproducibility 

of the process. In particular, a set of measurements was performed on an 

IN718 provided us by GE-Avio along with the values of stress measured on 

this sample by several laboratories during a Round Robin. In Fig. 5.9 are 

reported the stresses measured on this specimen along with those obtained 

by the other laboratories. 

Results reported in Fig. 5.9 agree well with those obtained during the Round 

Robin performed on the same specimen, meaning that the instrument is 

aligned and measurements were performed correctly. 

Prior to start the residual stress measurements on AlSi10Mg samples, the 

penetration of the X-ray beam in the AlSi10Mg alloy was evaluated for every 

tilting angle employed, to determine which is the average information depth 

from which residual stress is evaluated. This is defined as the depth from 

which 67% of the diffracted intensity has been absorbed and correspond to 

Fig. 5.9 Residual stresses measured on the IN718 specimen in this work (red) and by 

other laboratories during a Round Robin (black). The suffix 1 and 2 represent the 

directions along which the measurements were performed. 



117 
 

the depth at which the stress is measured if the stress gradient along the 

depth is linear. The result obtained following the standard procedure 

reported in the UNI EN 15305:2008 regulation is reported in Fig. 5.10 and 

show how the average information depth (x) varies with the tilting angle Ψ. 

From Fig. 5.10, it is evident that the information on residual stress in 

AlSi10Mg samples comes from a region comprised in between 20 and 40 m 

below the surface. This factor is important when planning to perform an 

in-depth evaluation of the residual stresses in order to remove all the layers 

of material already analysed. 

The first set of measurements was performed on the raw, and consequently 

rough, surface of the L-PBF samples. Measurements were performed at the 

centre of each face of the cube both perpendicularly (XY) and parallel (Z) to 

the building direction. When analysing the top surface, it was impossible to 

apply this distinction, nevertheless measurements were carried out on two 

perpendicular directions, denoted for simplicity 1 and 2. 

Patterns obtained at each  angle were fitted with the X’Pert Highscore 

software and the variation of the interplanar distance with respect to 𝑠𝑖𝑛2Ѱ 

Fig. 5.10 Average information depth as a function of the tilting angle for an 

AlSi10Mg alloy. 
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was employed to determine the stress value, as described in section 2.3.4. 

An example of the result of the calculation is reported in Fig. 5.11. 

As expected, from Fig. 5.11-b and Fig. 5.11-d it is evident that the stress value 

is substantially lowered after thermal treatment. This change in stress state 

of the sample is already clear from the position of the peaks at different 

tilting angle . In fact, if in Fig. 5.11-a the reflections appear to be strongly 

shifted; in Fig. 5.11-c, where the stress state is close to 0, they appear simply 

one of top of the other at the same Bragg angle. 

These measurements were performed for the raw surfaces of all samples 

selected in Table 5.1 in both the Z/1 and XY/2 directions. 

Results obtained for the samples in AB condition are reported in Fig. 5.12. 

Fig. 5.11 Examples of patterns and d vs. sin2 graphs used for residual stress 

evaluation on the XZ3 face of AM_AB_67°_100°C_EDM both before (a and b) and 

after (c and d) stress relieving. In particular (a) and (b) refer to the sample in AB 

condition analysed with the X-Ray impinging perpendicularly to the building 

direction (XY direction), while (c) and (d) refer to the same face of the SR sample 

analysed parallel to the building direction (Z direction). 



119 
 

From Fig. 5.12 it is possible to observe a clear distinction in stress between 

samples analysed along the XY (higher stress) and Z (lower stress) directions 

on the lateral faces of the cubes, all stresses measured being tensile. This 

strong distinction in stress is explained considering that, during the L-PBF 

process, there is a strong directionality of heat subtraction along the building 

direction (Z) and so it is reasonable that stress development occurs with a 

preferential orientation in the cubes. It is interesting to notice that in the XY 

face of the L-PBF samples the stress remains constant even when changing 

the direction of analysis (1 or 2). 

This result is explained considering the directionality of heat subtraction. In 

fact, from literature [19], it is well known that the AlSi10Mg alloy processed 

by means of L-PBF consists of grains of Al having different morphologies 

according to the surface under analysis, i.e. columnar Al grains along the 

building direction and more equiaxic grains perpendicularly to that, as 

confirmed by the EBSD measurements reported in Fig. 5.13. Considering the 

inhomogeneous distribution of grain boundaries along Z and XY when looking 

Fig. 5.12 Comparison of the stress values obtained both perpendicularly (XY/2) and 

parallel (Z/1) to the building direction for each face of the L-PBF samples in the AB 

conditions. 



120 
 

at the lateral faces of the cubes, it is easy to associate the lower stress level 

obtained along the Z direction to the lower amount of Al grain boundaries 

encountered during the XRD measurements, and the higher stress level along 

the XY direction to the higher amount of Al grain boundaries investigated. 

The homogeneity in stress values obtained on the 1 and 2 directions of the 

top surface of the cubes is completely in accordance with the Al grains 

homogeneity evidenced in the EBSD map on the right of Fig. 5.13. 

In Fig. 5.14 is reported the comparison of stress values calculated on L-PBF 

samples after the stress relieving treatment. 

After SR the residual stress is decreased indicating that this annealing can 

release part, but not all, of the tensional stress present in the samples. In 

annealed samples, all values seem to collapse to the same stress level and 

the difference in stress along perpendicular direction of analysis seems to be 

reduced. This agrees with what known from literature [84], in which it is 

demonstrated that, after the stress relieving treatment, part of the columnar 

grains present along the building direction change into more equiaxic grains 

Fig. 5.13 EBSD maps of an AlSi10Mg cubic sample produced by L-PBF and 

characterized in [19]. The EBSD map on the left represent the Al grain structure along 

the building direction (Z), while the EBSD map on the right represent the Al grain 

structure perpendicularly to the building direction (XY face of the cube). Z and XY 

being the notations used in this thesis. 
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resulting, from the point of view of stress determination, into an increased 

homogeneity of the stress level along the two perpendicular directions. 

To verify the homogeneity of stress results previously determined, it was 

evaluated if a stress gradient was present along a single surface of a sample. 

To do so, residual stress measurements were performed on 4 different areas 

of the same surface of the same sample moving from left to right and with 

the X-ray parallel to the building direction (Z). These measurements were 

performed on the raw XZ1 surface of the AM_AB_67°_35°C, then were 

repeated on the same position on the same surface mechanically polished 

down to 40 nm, and again on the same surface after performing 

electropolishing. The same measurement was performed also on three 

points with the X-Ray beam perpendicular to the building direction (XY) on 

the electropolished surface. Results of these tests are reported in Fig. 5.15 

along with a schematic representation of where were performed the 

measurements. 

From Fig. 5.15 it was not evidenced a gradient in stress values along different 

positions of a single face; moreover, stress values obtained are fully 

Fig. 5.14 Comparison of the stress values obtained perpendicularly (XY/2) and 

parallel (Z/1) to the building direction for each face of the L-PBF samples after the 

stress relieving treatment. 
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consistent with those determined on the raw sample. This result along with 

the value of stress obtained is reproducible for all the surface treatments 

performed on the sample, meaning that the portion of sample analysed is 

thick enough to avoid the surface roughness or deformation after mechanical 

polishing to influence the measurements. 

The reproducibility of residual stress measurements on different positions of 

a single face and after different surface treatment was performed as a 

preliminary study before trying to evaluate how the residual stress level 

varies when moving from the upper part of the cube (XY face) towards the 

centre of the cube. 

As far as the author knows no results of in-depth stress profile by XRD are 

reported in literature. The only result found being an in-depth stress 

determination performed by hole-drilling by Salmi et al. in [133] on different 

Fig. 5.15 Residual stresses determined on the XZ1 face of the AM_AB_67°_35°C. 

Surface was analysed in the raw form (red squares), polished down to 40 nm (blue 

squares) and after electropolishing (orange squares). On the top left of the image is 

schematically represented where were performed the measurements along with 

their identification name. 
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L-PBF AlSi10Mg samples (both in AB condition and after the SR treatment). 

The results obtained by them for an as built AlSi10Mg sample, produced with 

support structures and employing the same set of process parameters 

employed in this work, are reported in black in Fig. 5.16. In [133], the residual 

stress is found to have an oscillating nature and, in some cases, stress values 

are found to reach values well above the yielding strength of the material. 

To verify this oscillating trend when moving toward the core of an AB sample 

and evaluate the actual stress level in the sample, residual stress 

measurements by XRD were carried out removing material at steps of 

approximately 100 m. XRD measurements were carried out along both the 

1 and 2 directions. For all steps, in blue in Fig. 5.16, the stress measured is 

tensile and lays approximately at 120 MPa along direction 1 and 80 MPa 

along direction 2, all these values being considerably lower with respect to 

Fig. 5.16 Determination of the stress level of the AM_AB_67°_100°C sample moving 

from the XY face of the cube towards its centre at steps of approximately 100 m 

(blue). In black are reported the results obtained by Salmi et al. in [133] on a similar 

sample using hole drilling. 
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those reported in [133]. Moreover, after a first increase in stress level when 

moving from the rough surface (considered as the zero point of penetration) 

to the first penetration step at approximately 200 m, the stress level was 

found to remain constant for all the steps considered. At the rough surface 

the stress level along the 1 and 2 directions is the same, after removing layers 

of material there is a change in the stress state of the sample along the two 

perpendicular directions. This result can probably be explained considering 

that the cube is built in a layer by layer fashion and that the scanning strategy 

adopted implies a rotation of 67° in between each layer. So, when removing 

material from the top face of the cube, we will be in presence of a surface 

processed by the laser in a different way with respect to the previous one. 

Unfortunately, it was impossible to correlate the production process with the 

stress level found in the sample. However, on average the stress level 

measured for each step is approximately the same for both directions, 

meaning that, even if different rotation of the specimen can provide different 

stress values, the maximum difference in stress is that reported in Fig. 5.16, 

as confirmed by the results reported in Fig. 5.17, in which the results of 

residual stresses measured rotating the XY face of a sample along different 

directions are shown. 

Fig. 5.17 Residual stress variations when rotating the specimen of different angles 

with respect to directions 1 and 2. In this graph the 0° rotation angle corresponds to 

the direction 2 and the 90° rotation to the 1 direction in the previous graphs. 
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5.3. Correlation of the two techniques 

Both Raman spectroscopy and XRD suggested the presence of tensile 

residual stress in rapidly solidified samples, especially those produced by 

L-PBF in as built condition. The stress found with Raman spectroscopy, 

though, refers to the micro-stress on Si nano-crystals in the alloy, while stress 

determined by XRD refers to the macro-stress acting on the -Al matrix. 

Having these two set of measurements, the next step was to find a 

correlation between the stresses measured with these two techniques. This 

was done by applying the Williamson-Hall method for the determination of 

strains of both Al and Si from the XRD patterns acquired on the rapidly 

solidified AlSi10Mg samples. Another attempt to find a correlation was 

performed applying the simplified Eshelby model for the transmission of 

stress on composites starting from results on residual stress determined on 

Al through XRD. 

 

5.3.1. Williamson-Hall method 

The Williamson-Hall (WH) method exploits the analysis of X-ray peak 

broadening to evaluate size of the scattering domains and lattice strain of the 

phases under analysis. In particular, the WH method is a simplified integral 

breadth method in which both size-induced and strain-induced broadening 

are deconvoluted by considering the peak width as a function of 2𝜃 

[203,204]. 

The WH formula employed hereafter can be written as 

𝛽ℎ𝑘𝑙 𝑐𝑜𝑠 𝜃 =
𝐾𝜆

𝐷
+ 4𝜀 𝑠𝑖𝑛 𝜃 

in which 

𝛽ℎ𝑘𝑙 = 𝜂(𝛽𝐿𝑒𝑥𝑝 − 𝛽𝑖𝑛𝑠𝑡𝑟) + (1 − 𝜂)√𝛽𝐺𝑒𝑥𝑝
2 − 𝛽𝑖𝑛𝑠𝑡𝑟

2  

In these formulae 𝛽ℎ𝑘𝑙  is the broadening of the peaks corrected for the 

broadening of the instrumental function 𝛽𝑖𝑛𝑠𝑡𝑟 , i.e. the broadening 
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characteristic of the instrument employed for the analysis, 𝐷 is the size of 

the scattering domains, 𝐾 is a shape factor (0.94), 𝜆 is the wavelength of the 

incident radiation, 𝜀 is the strain induced in the lattice, 𝜃 is the Bragg angle 

and 𝜂 describe how much the peaks under analysis are Lorentzian in shape. 

Both the correction with the instrumental function and the shape of the 

reflections play a fundamental role in the correct evaluation of the results, 

for this reason calculations were performed carefully monitoring these 

parameters. 

Employing these parameters, a plot in which 4 sin 𝜃  represents the x-axis 

and 𝛽ℎ𝑘𝑙 cos 𝜃 the y-axis is drawn, and from the intercept and the slope of 

the linear fit of the data it is possible to calculate respectively the size of the 

scattering domains and the lattice strain. All reflections present in the 

diffraction patterns were analysed by fitting analytically the peak profile in 

order to collect information on peak position, Full Width at Half Maximum 

(FWHM) of the peak and Lorentzian contribution to peak shape [205]. Linear 

fitting of the data was performed considering a confidence level of 95%.An 

example of the fit performed on both Al and Si reflections and of the resulting 

Williamson-Hall plots is reported in Fig. 5.18. 

Here, the WH method was applied to the XRD patterns of the AlSi10Mg 

samples produced by means of different rapid solidification techniques and 

fully characterized in chapter 3, i.e. CMC cone, MS ribbons (both on air and 

wheel side) and L-PBF cubes both AB and after SR. Results obtained from the 

application of the model, along with stress level in the crystals obtained by 

simply multiplying for the Young modulus of the elements (70 GPa for Al and 

140 GPa for Si), for both the Al and the Si reflections are reported in            

Table 5.3 and Table 5.4 respectively. 
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Table 5.3 Results of the WH analysis from the Al reflections. 

 DAl [nm] <εAl
2>1/2 σAl [MPa] 

CMC 290 ± 348 0.0003 ± 0.0002 21 ± 14 
MS 188 ± 191 0.0003 ± 0.0002 20 ± 12 

AM_AB 362 ± 543 0.0008 ± 0.0002 56 ± 14 
AM_SR - - - 

Table 5.4 Results of the WH analysis from the Si reflections. 

 DSi [nm] <εSi
2>1/2 σSi [MPa] 

CMC 145 ± 579 0.0031 ± 0.0016 434 ± 224 
MS 124 ± 529 0.003 ± 0.001 427 ± 182 

AM_AB 36 ± 181 0.006 ± 0.010 840 ± 1400 
AM_SR 241 ± 603 0.0018 ± 0.0006 252 ± 84 

Fig. 5.18 Example of both fitting and WH plots obtained for the AB sample both on 

Al and Si. In particular (a) and (c) represent respectively the peak fitting and the WH 

plot in the case of Al reflections, while (b) and (d) those of the Si reflections. Red lines 

in (c) and (d) represent the confidence bands used in the fitting. 
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From these results it is evident that the determination of 𝐷 comes with a 

large error for most of the samples, while the determination of stress seems 

to be more reliable (apart from the stress value obtained on Si for the AM_AB 

sample).  

The uncertainty in the determination of the dimension of the scattering 

domains is related to the fact that both Al and Si crystals in these samples are 

considerably large with respect to those considered classically by the 

Williamson-Hall method; for this reason, when performing the linear 

regression, the intercept will lay close to 0 (corresponding to infinite 

scattering domains). In the case of the WH plot performed for Al reflections 

of the SR sample the intercept value obtained is found negative, for this 

reason no results were reported for this sample. Regarding the 

determination of 𝐷 , wide error bars are obtained for both Al and Si; 

nevertheless, in the case of Si the hierarchy of Si crystals dimensions found 

in the micrographs in chapter 3 seems to be respected. 

On the contrary, the stress level measured on the Al is always lower with 

respect to that measured for the Si; moreover, for the as built sample results 

seem to agree quite well with those obtained from the classical 

determination of residual stresses performed using XRD. Regarding the stress 

level measured on Si what is interesting is that the stress values reported in 

Table 5.4 are of the same order of magnitude as those reported in Table 5.2 

regarding the stress level measured using Raman spectroscopy. 

Unfortunately, the result obtained for the AB sample comes with a wide error 

bar because of the limited amount of Si reflections observed in the XRD 

pattern. In fact, due to the extension of solid solubility achieved with the high 

cooling rate involved in the L-PBF process, only four reflections of Si can be 

analysed their intensity resulting low. This gave wider errors in fitting the 

peaks and consequently in the determination of both dimension of the 

scattering domains and strain. 

The results obtained by applying the Williamson-Hall method were found to 

be quite interesting in correlating both the stress determined by 

conventional XRD and those obtained by Raman spectroscopy. 
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5.3.2. Eshelby’s method 

A further attempt to find a correlation between the stress level found with 

Raman and that determined by XRD was performed looking at the theory 

developed in the past for stress transfer from matrix to reinforcement 

particles in composites [115,148]. 

In [148] Harris et al. suggest that, in the elastic regime of deformation, it is 

possible to estimate the tensile stress in the particles, knowing which is the 

applied tensile strain of the composite, by applying the Eshelby’s analysis for 

the pure shear case. Even if our material is not properly a composite, it is 

made of a softer matrix made of Al, reinforced by a stronger element, Si; so, 

following what done in [148], it was considered appropriate to apply this 

model to the Al-Si alloy. 

The model describes the tensile stress acting on the reinforcement particles, 

𝜎𝑝, as: 

𝜎𝑝 = 𝐸𝐾𝜀𝑐 

in which 

𝐾 =
1+(1−𝑓)𝛾𝑀

1−𝑓𝑀
                         𝛾 =

7−5ѵ

15(1−ѵ)
                           𝑀 =

(
𝜇∗

𝜇
−1)

(
𝜇∗

𝜇
−1){1−𝛾(1−𝑓)}+1

 

𝐸  and ѵ  represent respectively Young modulus and Poisson ratio of the 

matrix (70 GPa and 0.33 for Al), 𝜀𝑐 stands for the applied tensile strain on the 

composite, 𝑓 is the overall volume fraction of reinforcement, i.e. Si particles, 

and 𝜇  and 𝜇∗  are respectively the shear modulus of the matrix (here 

24.81 GPa for Al) and of the reinforcing agent (here 66.41 GPa for Si). 

The formula reported here is an approximation of the Eshelby analysis for 

the case of pure tension loading, but the fact that it is quite simple and was 

already applied on the same system in literature ([148]) made us choose this 

approximation. 

Here, the applied tensile strain used for the determination of the particles 

stress was derived from the stress measured on Al through XRD, while the 
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overall volume fraction was taken as the amount of Si present in the alloy 

under investigation. 

In Table 5.5 are reported the results obtained by applying the model for the 

case of L-PBF samples in as built conditions, while results obtained on the 

samples subjected to stress relieving treatment are displayed in Table 5.6. 

All stresses calculated on Si applying this model considerably differs with 

respect to those obtained from both Raman spectroscopy and 

Williamson-Hall analysis.  

At the present time there is not a straightforward explanation for this. What 

is assumed is an effect of Si crystals dimension in the determination of the 

stress level; in both Raman and WH, what influences the most the results is 

the presence of nanometric Si crystals, while the Eshelby’s model is thought 

for reinforcement particles having considerably larger dimensions. 

Knowing that the Eshelby’s model and the experimental analysis performed 

account for different Si dimensions, what can be assumed is that the two 

results describe the different stress level experienced by larger (eutectic Si) 

and smaller (Si precipitates) crystals. Moreover, it is well known that both 

Raman spectroscopy and Williamson-Hall can be influenced by the presence 

lattice defects; so, another option could be that the stress derived from the 

Eshelby’s model is the actual one transferred by the -Al matrix to the Si 

crystals, while the higher values obtained with the other two techniques 

account also for the presence of defects increasing the stress level at the 

nanometric scale. 

To verify these hypotheses and explain the discrepancy in numbers obtained 

by different models, further experiments and calculations will be performed 

in the next months. 
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Table 5.5 Comparison of the stress level of as built samples determined on both Al 

and Si respectively by direct XRD measurements and by applying the approximate 

Eshelby analysis. 

Sample Face 
Stress Al 

(Z) [MPa] 

Stress Si 

(Z) [MPa] 

Stress Al 

(XY) [MPa] 

Stress Si 

(XY) [MPa] 

AM_AB_67°_35°C 

XZ1 46 ± 13 72 ± 20 94 ± 29 148 ± 46 

YZ2 66 ± 19 104 ± 30 72 ± 36 113 ± 56 

XZ3 59 ± 6 93 ± 9 101 ± 46 158 ± 72 

YZ4 33 ± 10 52 ± 16 81 ± 29 127 ± 46 

XY 48 ± 5 75 ± 8 52 ± 10 82 ± 16 

 

AM_AB_67°_100°C 

XZ1 37 ± 10 58 ± 16 127 ± 10 199 ± 16 

YZ2 36 ± 23 56 ± 36 81 ± 16 127 ± 25 

XZ3 39 ± 10 61 ± 16 130 ± 10 204 ± 16 

YZ4 46 ± 13 72 ± 20 101 ± 16 158 ± 25 

XY 59 ± 10 93 ± 16 52 ± 5 82 ± 8 

 

AM_AB_X_35°C 

XZ1 53 ± 8 83 ± 13 150 ± 13 235 ± 20 

YZ2 29 ± 13 46 ± 20 111 ± 19 174 ± 30 

XZ3 59 ± 13 93 ± 20 143 ± 13 224 ± 20 

YZ4 35 ± 9 55 ± 14 111 ± 16 174 ± 25 

XY 37 ± 5 58 ± 8 42 ± 10 66 ± 16 

 

AM_AB_X_100°C 

XZ1 52 ± 16 82 ± 25 104 ± 19 163 ± 30 

YZ2 36 ± 13 56 ± 20 107 ± 16 168 ± 25 

XZ3 36 ± 9 56 ± 14 88 ± 19 138 ± 30 

YZ4 33 ± 10 52 ± 16 112 ± 12 176 ± 19 

XY 46 ± 10 72 ± 16 39 ± 6 61 ± 9 

 

AM_AB_67°_100°C_EDM 

XZ1 29 ± 6 46 ± 9 130 ± 16 204 ± 25 

YZ2 29 ± 4 46 ± 6 117 ± 13 184 ± 20 

XZ3 33 ± 16 52 ± 25 130 ± 10 204 ± 16 

YZ4 33 ± 10 52 ± 16 101 ± 13 158 ± 20 

XY 55 ± 16 86 ± 25 49 ± 10 77 ± 16 
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Table 5.6 Comparison of the stress level of stress relieved samples determined on 

both Al and Si respectively by direct XRD measurements and by applying the Eshelby 

analysis for composites. 

Sample Face 
Stress Al 

(Z) [MPa] 

Stress Si 

(Z) [MPa] 

Stress Al 

(XY) [MPa] 

Stress Si 

(XY) [MPa] 

AM_SR_67°_100°C 

XZ1 16 ± 5 25 ± 8 39 ± 3 61 ± 5 

YZ2 12 ± 3 19 ± 5 26 ± 3 41 ± 5 

XZ3 10 ± 4 16 ± 6 38 ± 5 60 ± 8 

YZ4 9 ± 2 14 ± 3 30 ± 3 47 ± 5 

XY 31 ± 8 49 ± 13 30 ± 4 47 ± 6 

 

AM_SR_X_35°C 

XZ1 41 ± 6 64 ± 9 44 ± 5 69 ± 8 

YZ2 33 ± 1 52 ± 2 22 ± 2 35 ± 3 

XZ3 15 ± 4 24 ± 6 35 ± 4 55 ± 6 

YZ4 10 ± 3 16 ± 5 22 ± 4 35 ± 6 

XY 9 ± 6 14 ± 9 22 ± 4 35 ± 6 

 

AM_SR_X_100°C 

XZ1 29 ± 6 46 ± 9 41 ± 3 64 ± 5 

YZ2 12 ± 4 19 ± 6 23 ± 5 36 ± 8 

XZ3 29 ± 6 46 ± 9 43 ± 5 67 ± 8 

YZ4 11 ± 3 17 ± 5 34 ± 4 53 ± 6 

XY 16 ± 5 25 ± 8 14 ± 4 22 ± 6 

 

AM_SR_67°_100°C_EDM 

XZ1 16 ± 13 25 ± 20 32 ± 6 50 ± 9 

YZ2 18 ± 4 28 ± 6 39 ± 4 61 ± 6 

XZ3 18 ± 2 28 ± 3 43 ± 4 67 ± 6 

YZ4 10 ± 4 16 ± 6 38 ± 4 60 ± 6 

XY 19 ± 4 30 ± 6 13 ± 6 20 ± 9 
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5.4. Conclusions 

A study on the determination of residual stresses in AlSi10Mg samples 

produced by L-PBF and other rapid solidification techniques was carried out 

using both conventional and unconventional techniques, respectively XRD 

and Raman spectroscopy. In the end, a correlation was sought for the two 

techniques.  

Raman measurements for the determination of residual stresses were 

performed on AlSi10Mg samples produced by means of different rapid 

solidification techniques, i.e. CMC, MS and L-PBF both in AB and SR condition. 

Increasing the cooling rate, the Raman peak was found to be red-shifted and 

broadened, while after the stress relieving treatment the signal of the L-PBF 

sample appeared to be blue-shifted close to equilibrium.  

The shift observed in the samples was found to be indicative of both the 

presence of residual stresses and Si nano-crystals in the alloy. To discriminate 

between these two contributions the Campbell and Fauchet model modified 

by Brunetto and Amato was applied to evaluate the dimensional distribution 

of Si nano-crystals present in the rapidly solidified samples: results were 

compared with what identified by microscopy (using both FESEM and TEM). 

The presence of Si nano-crystals in the -Al matrix of AB samples produced 

by L-PBF was verified with TEM and a good agreement between results 

obtained experimentally and results obtained from the model was evidenced 

by analysing the finer part of Si extracted from the alloy. Results obtained 

from the Raman spectra were compared with an experimentally determined 

curve correlating Raman shift and Si crystallite dimension proposed by 

Ossadnik in [160]; it was evidenced that all rapidly solidified samples give a 

Raman signal red-shifted indicating the presence of a tensional stress. 

Starting from these results an approximate quantification of the stress level 

present in the different rapidly solidified samples was provided. 

The presence of a tensional stress on L-PBF samples was confirmed from 

conventional stress measurements performed with XRD. Measurements 

were performed on five of the six faces of both AB and SR raw cubes and for 

each face two perpendicular directions were analysed, one parallel and one 

perpendicular to the building direction. 
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Different stress levels were found according to the direction of the measure 

on the lateral faces of the cubes, the one measured perpendicularly to the 

building direction being higher. This discrepancy was explained considering 

the differences in Al grain orientation observed by EBSD. The lower stress 

level obtained along the building direction was related to the lower amount 

of Al grain boundaries encountered during the XRD measurements, while the 

higher stress level perpendicularly to it to the higher amount of Al grain 

boundaries investigated. On the top face of the cubes, homogeneity in the 

stress level measured along the two perpendicular directions was observed, 

again this was found to agree with the equiaxic nature of Al grains evidenced 

by EBSD. 

After SR the level of residual stress in the samples was found to decrease, 

indicating, as expected, that the thermal treatment releases the stresses 

present in the alloy. Moreover, the difference in stress level along the two 

perpendicular directions is reduced due to the modification of the Al grains 

morphology after thermal treatment. 

Once determined the stress level of the raw faces of the cubes, an evaluation 

of the in-depth stress level was carried out, moving from the top surface to 

the core of the cube at steps of approximately 100 m. Contrarily with what 

reported in [133], the stress level, measured with XRD, was found to remain 

constant throughout all the steps. This result was associated to a relaxation 

of the stresses related to the partial removal of material from the sample. 

Moreover, a difference along the two perpendicular dimensions of analysis 

was evidenced. This difference, that was not observed on the raw surface of 

the cubes, was explained considering that the cube is built in a layer by layer 

fashion and that the scanning strategy adopted implies a rotation of 67° in 

between each layer. So, when removing material from the top face of the 

cube, we will be in presence of a surface processed by the laser in a different 

way with respect to the previous ones. 

Both Raman spectroscopy and XRD were found to suggest the presence of 

tensile residual stress in rapidly solidified samples. The stress found with 

Raman spectroscopy, though, refers to the micro-stress acting on the Si in 

the alloy, while the stress determined by XRD refers to the macro-stress 
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acting on the -Al matrix. To investigate if there is a correlation in the results 

obtained with XRD and Raman, two different approaches were followed:  

i. applying the Williamson-Hall method to the XRD patterns of rapidly 

solidified samples; 

ii. applying a simplified Eshelby’s model to estimate the stress level 

transferred from the Al to the Si. 

The Williamson-Hall analysis performed on the XRD patterns of the rapidly 

solidified samples was found to provide interesting results on both the stress 

level of Al and Si. The stress determined for both the elements is of the same 

order of magnitude of that determined on Al by conventional XRD and on Si 

by Raman, validating the use of both these techniques to determine the 

stress level in rapidly solidified AlSi10Mg samples. 

Results obtained applying the simplified Eshelby’s model provided stress 

values considerably lower than those obtained by both Raman and WH. This 

result was suggested to be related to the different Si dimensions observed 

by the different techniques, i.e. Si precipitates influencing more Raman and 

WH and eutectic Si influencing more the Eshelby’s approach. Another 

hypothesis that was drawn accounts for the possibility that the macro-stress 

level transferred from Al to Si is that determined by the Eshelby’s model, but 

in Raman and WH also a micro-stress contribution, deriving from the 

presence of lattice defects, is accounted resulting in an overall increase in the 

stress level. 
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6. Summary and future perspectives 

In this PhD thesis several open points of Additive Manufacturing were faced 

to advance in the knowledge of this innovative processing route.  

First, starting from the wide knowledge on rapid solidification processes and 

the preparation of different test samples, the solidification mechanism of the 

AlSi10Mg alloy was determined.  

The main results obtained in studying this topic are reported in the following 

points. 

• A correlation between microstructure, phase constitution and thermal 

behaviour of AlSi10Mg samples produced by means of different rapid 

solidification techniques was established. 

• A progressive change of eutectic Si morphology from dispersed particles 

to fibrous and lamellar network was evidenced. Microstructure being 

more refined in MS with respect to CMC samples and even more in L-PBF 

parts. 

• The decrement of the Al lattice parameter when changing processing 

technique was found to give a measure of the extension of Si solid 

solubility in the primary phase. 

• The surprising amount of solute Si in CMC and L-PBF samples was 

understood considering the fast cooling in the solid state provided by the 

intimate contact of the sample with the heat sink. 

• The low solute content in MS samples must be associated to a decrease 

in cooling rate and consequent self-heating of the ribbon because of 

recalescence after detaching from the quenching wheel. 

• The main DSC peak is due to Si precipitation, for which a correlation 

between the level of extended solid solubility and the onset temperature 

of the signal was evidenced: the lower is the temperature the higher is 

the amount of released enthalpy. 

• Further exothermic signals are attributed to the precipitation of Mg2Si 

and possibly Fe-containing intermetallics. 

• Approximated metastable phase diagrams for the front velocities in 

between 0.5 and 1 m/s reproduce the eutectic fractions found in 
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experiments. Remarkably, these correspond to those directly measured 

in [195] by observing the movement of the primary solidification front in 

a hypoeutectic Al-Si alloy. 

Once understood the correlation between conventional RS techniques and 

L-PBF, a route for designing new compositions specifically thought for AM, 

reducing the amount of material and time necessary for the testing, was 

implemented. This new testing route was verified completely for the addition 

of hardeners to the AlSi10Mg alloys. A preliminary work on the addition of 

typical grain refiners of Al alloys to the AlSi10Mg was also performed. 

The main results obtained are reported in the following points. 

• In all cases new alloys were obtained showing that compositional 

homogenization is feasible even when starting the production from a 

powder mixture. 

• The microstructures of samples modified with hardeners indicate that 

the melt in SST is turbulent, whereas it is quiescent in MS.  

• The microstructural morphology of the bulk sample produced by L-PBF 

with the most promising alloy, the AlSi10Mg+Cu, is similar to that of the 

melt spun ribbon, but intermediate between SST and MS in terms of cell 

size. 

• In MS, SSTs and L-PBF the Cu forms to a large extent the Al2Cu phase 

directly from the melt, which is intermixed with the eutectic. 

• The presence of extended solid solubility of Si and both Ag and Cu 

respectively in AlSi10Mg+Ag and AlSi10Mg+Cu was evidenced. 

• Cu supersaturation was estimated in between 0.75 at% and 1 at% in both 

L-PBF and MS samples. Precipitation of both Si and Al-Cu compounds 

occur on continuous heating at temperatures just above 200°C. 

• An increase in hardness of the as prepared samples containing Cu with 

respect to that of the base AlSi10Mg alloy was evidenced by 

nano-indentation and Vickers tests, it is mostly related to the presence 

of Cu compounds intermixed with the eutectic. 
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• After the addition of inoculants (Er, nano-TiB2 and Sr) to the AlSi10Mg 

alloy, the eutectic the Si results disrupted forming smaller Si crystals 

dispersed in the matrix. 

• XRD patterns and lattice parameter calculations indicate the presence of 

extended solid solubility of Si. Supersaturation was found to be in the 

range 1 at% to 1.5 at%. 

• No peculiar precipitation signals were identified after the additions of Er, 

nano-TiB2 and Sr, but for all the samples a decrease in the enthalpy of Si 

precipitation was observed. This is in accordance with the increased 

nucleation frequency of Si when in presence of inoculants. 

• Melting and solidification onset and offset temperatures were found to 

agree indicating that the presence of grain refiners does not induce 

alterations in the mechanisms of melting and solidification.  

• Average hardness values were found to decrease with respect to that of 

the unmodified alloy indicating the continuous Si network as main 

responsible for the increase in hardness observed in rapidly solidified 

samples. 

• The fact that the eutectic Si appears to be more disrupted, in principle 

can lead to a more homogeneous Si distribution inside bulk samples 

produced by AM, making mechanical properties more isotropic.  

• The combination of the fast MS and SST techniques was proved effective 

in simulating the synthesis of new compositions and the properties of 

the alloy, this approach will allow to test rapidly alloys and to expand the 

material palette available for AM processes. 

In the last part of the thesis, the presence of residual stresses in AlSi10Mg 

samples produced by L-PBF and other rapid solidification techniques was 

investigated using both an unconventional technique, i.e. Raman 

spectroscopy, and a conventional one, i.e. XRD.  

The presence of a correlation for the stresses determined with the two 

techniques was investigated using the Williamson-Hall method and the 

simplified Eshelby’s model. 

The following points report the principal results obtained. 
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• Raman measurements were performed on AlSi10Mg samples produced 

by means of different rapid solidification techniques, i.e. CMC, MS and 

L-PBF in both AB and SR condition. Increasing the cooling rate, Raman 

peak was found to be red-shifted and broadened; after SR the signal of 

the L-PBF sample appeared to be blue-shifted close to equilibrium. 

• The Campbell and Fauchet model, modified by Brunetto and Amato, was 

applied to determine the average dimensional distribution of Si nano-

crystals present in the samples to discriminate between the shift 

provided by the small Si crystals and that provided by the presence of 

residual stresses. 

• The presence of Si nano-crystals in the AB samples produced by L-PBF 

was verified with TEM. The dimensional distribution of Si nano-crystals 

determined experimentally was found to agree with the one determined 

with the modified Campbell and Fauchet model. 

• Results obtained by the model were compared with an experimentally 

determined curve correlating Raman shift and Si dimensions; it was 

evidenced that results on rapidly solidified samples are all red-shifted 

indicating a tensional stress. 

• Using the difference in shift from the experimentally determined curve, 

a quantitative evaluation of the stress present in the samples was 

provided. 

• The presence of a tensional stress was confirmed from stress 

measurements performed with XRD. 

• Measurements were performed on five of the six faces of both AB and 

SR raw cubes. For each face two perpendicular directions were analysed, 

one parallel and one perpendicular to the building direction. 

• Different stresses were found according to the direction of measure on 

the lateral faces of the AB cubes, the one measured perpendicularly to 

the building direction being higher. This was explained considering the 

columnar orientation of Al grains observed by EBSD, i.e. the lower stress 

level obtained along the building direction was related to the lower 

amount of grain boundaries encountered during XRD, while the higher 
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stress level perpendicularly to it to the higher amount of grain 

boundaries investigated. 

• On the top face of the cubes homogeneity in the stress level measured 

along the two perpendicular directions was observed, in accordance 

with the equiaxic nature of Al grains evidenced by EBSD. 

• After SR the level of residual stress in the samples was found to decrease. 

The difference in stress level along the two perpendicular directions is 

reduced due to the modification of Al grains morphology after thermal 

treatment. 

• An evaluation of the in-depth profile of stress was performed. The stress 

level was found to remain constant throughout all the steps. This was 

associated to the relaxation of the stresses related to the partial removal 

of the material. 

• A difference along the two perpendicular dimensions of analysis was 

evidenced due to the fact that, when removing material from the top 

face of the cube, the surface under analysis will be processed by the laser 

in a different way with respect to the previous ones. 

• Williamson-Hall analysis provided stress level compatible with those 

determined with both XRD and Raman spectroscopy validating the use 

of these two techniques for residual stress determination. 

• The application of the simplified Eshelby model for composites, instead, 

provided stresses on Si considerably lower with respect to those 

determined with the other techniques. This result was explained 

considering that WH and Raman spectroscopy account more for 

nanometric Si, while the Eshelby model was developed for 

reinforcement particles of larger dimensions. It was suggested that the 

stress level obtained from the Eshelby’s model is the one directly 

transferred from the matrix to both eutectic and Si precipitates, while 

that obtained with both WH and Raman account also for the presence 

of lattice defects inside the nano-crystals dispersed in the -Al matrix.  

In this thesis several open points in Additive Manufacturing were faced, but 

a lot of work is still necessary to make these techniques highly competitive in 

industrial processes.  
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For sure in the next months the work started adding inoculants to the 

AlSi10Mg alloy will be continued, producing both SSTs and bulk samples by 

L-PBF, to verify if the disruption of the eutectic Si is beneficial in terms of 

isotropy of mechanical properties. 

Moreover, following the work performed on residual stress determination, 

further investigations on the correlation of results obtained by Raman and 

Williamson-Hall with what determined by the simplified Eshelby model will 

be performed, to verify if the presence of lattice defects can be responsible 

for the difference in stress level evidenced with the different techniques. 
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𝜒 Most probable value of x 

𝜔 Ѱ + 𝜃 

𝜔(𝑞) Theoretical wavenumbers 

𝜔𝑅 Rotation about  axis 
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Fig. 3.1 Micrographs of AlSi10Mg samples obtained by: CMC both on the 

surface of the cone (a) and in the core (b), MS_N10 at low (c) and high 

magnification (d), AM_AB at low and high magnification (f) and AM_SR at 

low (g) and high magnification (h). The white arrows indicate the building 

direction in the L-PBF process. For comparison an image of the equilibrium 

microstructure of the AlSi10Mg alloy is reported in Fig. 2.2. ....................... 50 

Fig. 3.2 XRD patterns of AlSi10Mg samples produced by L-PBF before 

(AM_AB) and after stress relieving (AM_SR), (a). Detail of the (220) and (311) 

Si reflections, (b). Detail of the (331) and (420) Al reflections, (c). ............... 55 

Fig. 3.3 Comparison of the Al lattice parameter of the samples analysed in the 

present work. The dashed line corresponds to the reference valuefor an 

equilibrated alloy. .......................................................................................... 56 

Fig. 3.4 DSC traces showing precipitation signals for samples produced by 

CMC, MS (MS_N10) and L-PBF (AM_AB). ..................................................... 57 

Fig. 3.5 Comparison of the precipitation temperatures in samples produced 

by means of different rapid solidification techniques (heating rate of 

20°C/min). Pentagons (green) represent the onset temperature for the 

precipitation of Si; squares (black) the maximum of the Si precipitation signal; 

triangles (red) the maximum of the Mg2Si precipitation signal and circles 

(blue) the maximum of the precipitation signal related to impurities. ......... 58 

Fig. 3.5 Thermograms of samples produced by SLM during different jobs and 

employing different batches of powder but the same process parameters. 59 

Fig. 3.7 Enthalpy of mixing (bold curve) and of precipitation (red line) for an 

Al-10%Si alloy at 25°C (298 K). The dashed line gives the reference state of 

the mechanical mixture of fcc Al and diamond cubic Si. ............................... 61 

file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731066
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731067
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731067
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731067
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731068
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731068
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731068
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731069
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731069
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731070
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731071
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731071
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731072
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731072
file:///D:/Drive/Tesi%20di%20Dottorato/Tesi%20di%20Dottorato_no%20acknowledgements.docx%23_Toc27731072


154 
 

Fig. 3.8 Equilibrium and approximate metastable phase diagram for Al-Si 

alloys. The dotted and the dot-dashed lines (light and dark red) in the picture 

represent respectively the T0 line calculated with CALPHAD and derived from 

the model. The 𝑇0 line of the model is obtained by the linear approximation 

of the liquidus and finds good agreement with the CALPHAD one especially at 

low Si content. The dashed bands in colour, blue for CMC and green for L-PBF 

respectively, were obtained for ranges of solidification velocities compatible 

with the percentage of eutectic observed in microscopy. The vertical red line 

represents the composition of the AlSi10 alloy. ............................................ 64 

Fig. 4.1 FESEM micrographs and EBSD maps of melt spun ribbons made of 

AlSi10Mg, AlSi10Mg+Cu and AlSi10Mg+Ag alloys. ....................................... 73 

Fig. 4.2 XRD patterns of the AlSi10Mg (green), AlSi10Mg+Cu (yellow) and 

AlSi10Mg+Ag (red) along with Al, Si, and Al2Cu reflections. ......................... 75 

Fig. 4.3 Comparison of the lattice parameters measured both on the air side 

and on the wheel side of the unmodified (green), Cu containing (yellow) and 

Ag (red) containing ribbons. The suffix (GA) indicates that the measurements 

were performed in Grazing Angle condition so limiting the penetration of the 

X-rays to few microns. ................................................................................... 76 

Fig. 4.4 Comparison of the DSC traces showing the precipitation signals for 

the three alloys under study. In green is reported the precipitation trace of 

the AlSi10Mg alloy, in red the one related to the AlSi10Mg+Ag alloy and in 

yellow the track related to the AlSi10Mg+Cu alloy. ...................................... 77 

Fig. 4.5 Nanoindentation maps obtained on the AlSi10Mg alloy (left), 

AlSi10Mg+Cu alloy (centre) and AlSi10Mg+Ag (right). Hardness values are 

represented according to the colour scale reported in the image. ............... 79 
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Fig. 4.6 Microstructures of AlSi10Mg (left), AlSi10Mg+Cu (centre) and 

AlSi10Mg+Ag (right) samples produced by SSTs (top) and MS (bottom). 

Images of MS samples represent the air side of the ribbon for all the 

compositions. ................................................................................................ 80 

Fig. 4.7 Nanoindentation maps of the SSTs cross section for AlSi10Mg, 

AlSi10Mg+Cu and AlSi10Mg+Ag respectively left, centre and right in the 
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Fig. 4.8 FESEM images of the cross section of AlSi10Mg+Cu samples: SST (a 

and b), the air side of the MS ribbon (c and d), and the L-PBF platelet (e and 

f), respectively at low and high magnifications. ........................................... 82 

Fig. 4.9 XRD patterns of the AlSi10Mg+Cu alloy produced both by MS and 

LPBF. The dotted red lines represent fcc Al reflections, the dot-dashed blue 

ones diamond cubic Si and the dashed green lines the tetragonal  phase. The 

inset represents the variation of Al lattice, calculated through the coscot 

method, in samples produced by MS and L-PBF. .......................................... 85 

Fig. 4.10 Images and EDX maps of Cu distribution acquired respectively on the 

cross section of MS ribbon, SST and L-PBF (along the XZ plane) samples (a, c 

and e) and nanoindentation maps of the same cross sections (b, d and f): for 

L-PBF sample the full height of the platelet was tested, and two 

representative portions of the results are shown. ........................................ 86 

Fig. 4.11 Comparison of the DSC traces showing precipitation signals 

obtained for the AlSi10Mg+Cu alloy produced by MS and L-PBF. ................ 87 

Fig. 4.12 Micrographs of the melt spun ribbons unmodified and modified with 

the addition of inoculants. (a) and (b) represent the low and high 

magnification micrographs of the AlSi10Mg alloy; (c) and (d) those of the 
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with 0.1wt% of nano-TiB2; (g) and (h) the micrographs of the ribbon 

containing 0.1wt% of Sr. Low magnification images show the whole cross 

section of the ribbons while the high magnification images were collected in 

the centre of the ribbons. .............................................................................. 91 

Fig. 4.13 XRD patterns of the air side of both unmodified and modified 

ribbons. The dashed blue lines represent diamond cubic Si reflections while 

the dashed red lines represent fcc Al reflections. ......................................... 93 

Fig. 4.14 Comparison of the lattice parameter of Al calculated for the 

AlSi10Mg alloy and for the alloy modified with Er, nano-TiB2 and Sr. 

Measurements were carried out on both wheel and air sides and for 

measurements performed both in Bragg-Brentano and in Grazing Angle (GA) 

configuration. ................................................................................................ 94 

Fig. 4.15 Comparison of the precipitation signals observed in the melt spun 
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Fig. 5.3 Comparison of the Raman spectra acquired on AlSi10Mg samples 

produced by means of different rapid solidification techniques (full line), 

along with the fit of the signal obtained after the analysis with the modified 

Campbell and Faucet model (dashed line). Moving from the bottom to the top 
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(AM_SR) stress relieving treatment. The red dashed line represents the 

position of the Si transverse optic mode in absence of stress and nanocrystals.
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Appendix 

Didactic activities 
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• Oral presentation: “Additive Manufacturing (AM) as a Rapid 

Solidification process: a study on Al-Si alloys” – Marola S. – Annual 

Metallurgy Group Lab. Meeting – Italy, Vaie (TO), 6th July 2017. 

• Oral presentation: “Additive Manufacturing (AM) as a Rapid 

Solidification process: a study on Al-Si alloys” – Silvia Marola, Diego 

Manfredi, Gianluca Fiore, Marco Gabriele Poletti, Mariangela 

Lombardi, Paolo Fino, Livio Battezzati – EUROMAT 2017 – Greece, 

Thessaloniki, 22nd September 2017. 

• Poster presentation: “Development of new Al alloys specifically 

designed for Additive Manufacturing” – Silvia Marola, Diego Manfredi, 

Prashanth Konda Gokuldoss, Jürgen Eckert, Livio Battezzati – 

ISMANAM 2018 – Italy, Roma, 5th July 2018. 

• Oral presentation: “Development of Al Alloys Specifically Designed for 

Additive Manufacturing” – Silvia Marola – Annual Metallurgy Group 

Lab. Meeting – Italy, Vaie (TO), 13th July 2018. 

• Oral presentation: “Solidificazione rapida di miscele di polveri 

AlSi10Mg + (Ag, Cu) mediante fusione laser di single trace e melt 

spinning: relazione con le microstrutture nelle tecnologie additive” – 

Silvia Marola, Dario Gianoglio, Livio Battezzati, Massimo Lorusso, Diego 

Manfredi, Federico Bosio, Alberta Aversa, Mariangela Lombardi – 

Trentasettesimo Convegno Nazionale AIM – Italy, Bologna, 13th 

September 2018. 

• Oral presentation: “Rapid solidification processing of Al alloys and 

Selective Laser Melting” – Silvia Marola – NIS COLLOQUIUM – Materials 
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and microstructures in Additive Manufacturing – Torino, Italy, 14th 

February 2019. 

• Oral presentation: “Residual stresses in AlSi10Mg alloy produced by 

Additive Manufacturing” – Silvia Marola – Annual Metallurgy Group 

Lab. Meeting – Vaie (TO), Italy, 9th July 2019. 

• Oral presentation: “Designing new alloys thought for Laser Powder Bed 

Fusion process with Melt Spinning and Laser Single Scan Tracks” – Silvia 

Marola, Dario Gianoglio, Federico Bosio, Alberta Aversa, Massimo 

Lorusso, Diego Manfredi, Mariangela Lombardi, Livio Battezzati – 
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• Oral presentation: “Aluminum alloys for Additive Manufacturing” – 
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PhD Schools attended 

• “Applicazioni della Spettroscopia Raman nelle Scienze Geologiche, 

Ambientali e Chimiche”, Turin and Milan (Italy), 7th-11th January 2017. 

 

Classes, Seminars and Conferences attended 

Graduate School Courses 

• “Corso di formazione in radioprotezione”, University of Turin, 

Department of Physics, February 2017. 

• “Getting the most from our Departmental Facilities”, University of 

Turin, Department of Chemistry, March 2017. 

• “The “Energy Principle” in Green Chemistry”, University of Turin, 

Department of Chemistry, May 2017. 
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• “CrisDi School: Introduction to Crystallography”, University of Turin, 

May-June 2017. 

• “CrisDi School: Electron Diffraction”, University of Turin, May-June 

2017. 

• “CrisDi School: X-Ray Diffraction”, University of Turin, May-June 2017. 

• “CrisDi School: Instrumentation for X-Ray Diffraction”, University of 

Turin, May-June 2017. 

• “CrisDi School: X-Ray Diffraction Methods: Single Crystal”, University of 

Turin, May-June 2017. 

• “CrisDi School: X-Ray Diffraction Methods: Polycrystalline”, University 

of Turin, May-June 2017. 

• “CrisDi School: In situ non-ambient Conditions Single Crystal X-Ray 

Diffraction Motivation – Single Crystal or Powder Diffraction?”, 

University of Turin, May-June 2017. 

• “CrisDi School: The Rietveld Method”, University of Turin, May-June 

2017. 

• “CrisDi School: X-Ray Diffraction Applications on Materials Study”, 

University of Turin, May-June 2017. 

• “Additive Metallurgy”, Associazione Italiana di Metallurgia, Polytechnic 

of Milan, June 2017. 

• “The Vitreous State”, University of Turin, Department of Chemistry, 

October 2017. 
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Seminars 

• Metallic materials for 3D printing - Suman Das, Suresh Babu and Moataz 

Attallah -MRS Bulletin Webinar, 9th November 2016. 

• Structural and surface study of Metal nanoparticles-based catalyst and 

relative supports - Andrea Lazzarini - University of Turin, Department of 

Chemistry, 10th January 2017. 

• In situ operando characterization of zeolite-based catalyst by means of 

Raman spectroscopy - Matteo Signorile - University of Turin, Department 

of Chemistry, 10th January 2017. 

• Mixed Li-based Complex Hydrides for Energy Storage - Anna Wolczyk - 

University of Turin, Department of Chemistry, 15th February 2017. 

• Heat effects of hydrogen interaction with Cu-Ni and Pt-NiZr metal/oxides 

systems - Emanuele F. Marano - University of Turin, Department of 

Chemistry, 2nd March 2017. 

• Development of new high entropy alloys at the University of Turin - 

Marco Gabriele Poletti - University of Turin, Department of Chemistry, 

28th April 2017. 

• Experimental investigation and thermodynamic modelling of mixtures of 

borohydrides for energy storage - Erika M. Dematteis - University of 

Turin, Department of Chemistry, 9th June 2017. 

• Metallurgy Group Lab. Meeting, Italy, Vaie (TO), 6th July 2017. 

• Hydrogen as alternative fuel for environmental performance 

improvement - Nadia Belmonte - University of Turin, Department of 

Chemistry, 24th July 2017. 

• PhD Day, 2nd year PhD presentations (XXXI Cycle) – University of Turin, 

Department of Chemistry, 25th September 2017. 
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• Biosensor and catalysis: applications of nanoporous gold – Federico 

Scaglione – University of Turin, Department of Chemistry, 10th 

November 2017. 

• Gender equality: don’t change women, change the system – Silvia 

Casassa, Paola Rizzi, Erika Michela Dematteis – University of Turin, 

Department of Chemistry, 24th November 2017. 

• Effect of different processing routes on the properties of thermoelectric 

materials – Francesco Aversano – University of Turin, Department of 

Chemistry, 19th January 2018. 

• Semiconducting oxides modification for photocatalytic applications – 

Valeria Polliotto – University of Turin, Department of Chemistry, 30th 

January 2018. 

• Thermodynamics of Boron-based Complex Hydrides for Energy Storage – 

Erika Michela Dematteis – University of Turin, Department of Chemistry, 

19th October 2018. 

• Aluminum alloys for additive manufacturing and their thermal 

treatments – Dario Gianoglio – University of Turin, Department of 

Chemistry, 18th January 2019. 

• Synthesis and Characterization of Ullmanite compounds – Francesco 

Aversano – University of Turin, Department of Chemistry, 8th February 

2019. 

• Enhancing the success in electrolytic preparation processes – Holger 

Schuarr – Struers GmbH Webinar, 12th February 2019. 

• Selected metallic materials and technologies for aerospace industry – 

Maciej Motyka – University of Turin, Department of Chemistry, 5th April 

2019. 
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• Low dimensional dense and nanostructured Fe-based alloys – Matteo 

Cialone – University of Turin, Department of Chemistry, 12th April 2019. 

• PhD Day, 2nd year PhD presentations (XXXIII Cycle) – University of Turin, 

Department of Chemistry, 26-27th September 2019. 

• Complex hydrides as solid-state electrolyte for Li-ion batteries – Valerio 

Gulino – University of Turin, Department of Chemistry, 17th October 

2019. 

• Metal powder for Additive Manufacturing – Volker Uhlenwinkel – 

University of Turin, Department of Chemistry, 15th November 2019. 

• Origin of the photoactivity and role of defectivity in pure and mixed ZnO 

based systems – Erik Cerrato – University of Turin, Department of 

Chemistry, 16th December 2019. 

 

Conferences and Workshops 

• Il Trasferimento Tecnologico: un'opportunità per l'evoluzione della 

propria ricerca (Start-up) - University of Turin, Doctoral Schools, 23rd 

September 2016. 

• Workshop sul trasferimento di conoscenze per dottorandi - University 

of Turin, Doctoral Schools, 14th December 2016. 

• Metallurgy Group Lab. Meeting, Italy, Vaie (TO), 6th July 2017. 

• EUROMAT 2017 – European Congress and Exhibition on Advanced 

Materials and Processes – Greece, Thessaloniki, 17th-22nd September 

2017. 

• Recent advances in biosensor technologies – University of Turin & NIS, 

22nd November 2017. 
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• ISMANAM 2018 – 25th International Symposium on Metastable, 

Amorphous and Nanostructured Materials – Italy, Roma, 1st-6th July 

2018. 

• Metallurgy Group Lab. Meeting, Italy, Vaie (TO), 13th July 2018. 

• Trentasettesimo convegno nazionale AIM, Italy, Bologna, 12th-14th 

September 2018. 

• PhD Workshop XXXII – University of Turin, Department of Chemistry, 

24th-25th September 2018. 

• Additive Manufacturing e controlli non distruttivi – Associazione 

Italiana Prove non Distruttive – Politecnico di Torino, 21st-22nd 

November 2018. 

• Le potenzialità del dottorato fuori dall’accademia – University of Turin, 

Department of Chemistry, 18th December 2018. 

• Materials and microstructures in Additive Manufacturing – NIS 

Colloquium and STAMP Dissemination – University of Turin, 

Department of Chemistry, 14th February 2019. 

• Metallurgy Group Lab. Meeting, Italy, Vaie (TO), 9th July 2019. 

• Giornate del CrisDi: X-ray Powder Diffraction: a useful tool for 

Chemistry and Material Science – Domenica Marabello – University of 

Turin, Department of Chemistry, 28th February 2019. 

• EUROMAT 2019 – European Congress and Exhibition on Advanced 

Materials and Processes – Stockholm, Sweden, 1st-5th September 2019. 
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Didactic activities 

• Laboratory assistance for the course “Materiali Metallici” of the 

bachelor degree in Scienza e Tecnologia dei Materiali (Prof. Paola Rizzi), 

Turin, 14th-22nd May 2018. 

• Laboratory assistance for the course “Metallurgia” of the master 

degree in Chimica Industriale (Dott. Federico Scaglione), 14th-24th 

January 2019. 
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Periods abroad 

• 31/01/2018-30/04/2018 –Montanuniversität of Leoben, Department 

of Materials Physics & Erich Schmid Institute of Materials Science, 

Austrian Academy of Sciences – Austria – Supervisor: Prof. Jürgen 

Eckert and Dr. Prashanth Konda Gokuldoss. 

Activities: 

o FESEM and EBSD measurements were performed on AlSi10Mg 

samples produced by L-PBF and MS in Turin. 

o Acquired knowledge on residual stress measurements 

determination through XRD; trials were performed on L-PBF and 

MS AlSi10Mg samples. 

o Acquired knowledge on how to prepare metallic samples for TEM 

by polishing, dimpling and ion milling. 

o TEM observations were carried out on the samples of AlSi10Mg 

produced by L-PBF and MS. 

o The applicability of some Al-Ni-Sm-Co metallic glasses with 

varying composition to the production of bulk objects through L-

PBF was evaluated producing ribbons by MS. Characterization 

both in as spun conditions and after thermal annealing was 

carried out through XRD, DSC and nanoindentation tests. 
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Publications 

• Silvia Marola, Diego Manfredi, Gianluca Fiore, Marco Gabriele Poletti, 

Mariangela Lombardi, Paolo Fino, Livio Battezzati “A comparison of 

Rapid Solidification and Selective Laser Melting (SLM) of Al-Si alloys”, 

Journal of Alloys and Compounds 2018, 742, 271-279. 

• A. Aversa, F. Bosio, S. Marola, M. Lorusso, D. Manfredi, L. Battezzati, P. 

Fino, M. Lombardi, “Laser Single Scan Tracks Of New Aluminium Alloys 

Compositions”, Euro PM2018 Proceedings, EPMA, Shewsbury, U.K. 2018. 

• F. Bosio, A. Aversa, M. Lorusso, S. Marola, D. Gianoglio, L. Battezzati, P. 

Fino, D. Manfredi, M. Lombardi, “A time-saving and cost-effective 

method to process alloys by Laser Powder Bed Fusion”, Materials & 

Design, 2019, 181, 107949. 

• Silvia Marola, Dario Gianoglio, Federico Bosio, Alberta Aversa, Massimo 

Lorusso, Diego Manfredi, Mariangela Lombardi, Livio Battezzati “Alloying 

AlSi10Mg and Cu powders in Laser Single Scan Tracks, Melt Spinning and, 

Laser Powder Bed Fusion”, Journal of Alloys and Compounds, 2020, 821, 

153538. 

• Dario Gianoglio, Silvia Marola, Livio Battezzati, Alberta Aversa, Federico 

Bosio, Mariangela Lombardi, Diego Manfredi, Massimo Lorusso “Banded 

microstructures in rapidly solidified Al-3 wt% Er”, submitted to 

Intermetallics December 2019. 

 


